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Thi s paper describes the lIIetallurg'ical c haracteristics of 6- Ti alloys. 
Included in this descript i on is a sugges t ed division of this broad class of 
alloys into lean and rich a lloys. ,\ wide vllriety of phase transforrutions 
arc po.ssible in these alloys and these are described in general terfAs. The 
effects of these transformations on fA i c r ostruc::ture and properties are also 
diSCuSsed. The e ffects of processing history on lIIicrostructure and proper­
ties are a l so descr ibed. Here the differences between lean and rich alloys 
becolllCs espec:ially clear, The paper closes with a brief di s cussion of the 
authors ' view of the outlook for 6-Ti alloys , 
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1.0 I ntroduction 

A trellendous varie ty of phase transf orl!!at i ons and attendant property 
variat ions have been reporte d i n the Bet a Titanium (B- Ti) a lloys - ra r more 
than in IIIOst alloyinx systems of si . nar composi tional range . Al though many 
of these t r ans fonn..H ions :a r e s t il l i ncompletely understood , $!.r e:at stri des 
have been .ade i n the past 10- I S yea r s towards obtaining a sound understand­
ing of these systems. Beta a ll oys were or iginally thought t o be usefu l be­
cause of the a ttractive combinat ions of high s trength and toughness that 
COul d be uni forml y produced t hr ough re l ativel y t hick cross-sections . This 
has now been denons trated for a va r iety of alloy compos it ions . llore l'(' cent­
I y, howeve r , resear che r s have been successfu l i n deve loping other i nteresting 
proper t i es wh i ch m.ay come to be of some co_rcia l and practica l in t e rest: 
superela st i c properties (I,2,3) , super conduc t i ve pr opert i es (4,5) , and shape 
lIellOry (6 , 7). In add ition, the recognition o f exce l lent hot workability in 
these alloys may in itse lf pr ovide sufficient justification to wa rrant the 
use of B- Ti alloys i n lieu of a+B all oys, irrespecti ve of any potential prop­
erty bene fi ts (8 ,9). I t is doub t f ul whether t here i s any othe r such narrowly 
,refined r ange of a lloy compositions whi ch is capable of producing such a wide 
variety o f propertios. Mo r eove r , s uch large variations can , i n /Dany cases, 
be observed in a s ingle alloy composition, by siGp l e heat treatllent cont ro l . 
For e xamp l e , i n Ti-IO-2 - 3, i t has been shown that yield strengths rango fro. 
180 ~rPa {21i ks iJ to 1500 MPa (2 1- ks i) , depending upon preceding heat treat ­
ments ( 10). Because of this trellendous variation in properties and mic ro­
s t ructur es, a detailed unders t anding of the a lloys is comp l icated , but cru­
cial to t hei r successful application. 

Although ther e a r e a numbe r of ways one can define t he term "B- Ti alloy", 
t he f ollowi ng oper3t ional definit i on is generally useful . "A B-Ti al l o)' i s 
any titan iUll composition which a llows one to quench a very s.a ll volUIIIC of 
material into ice water f rom above the materia l 's B- transus{ ·) temperature 
without martensit i cally decompos i ng the B- phasc." The poi nt of s uch a de ­
tailed de fin ition i s to exclude all n a llo)'s in which ma rtens i te can be 
fo r med atherma ll y or with t he assisunce o f residua l str ess es "'hich may 
a ri se during t he quenching o f l arge pi eces. It also e xcludes the diffusiona l 
decompos i tion o f B whiCh i s sec t ion s i ze dependent through cooling rates . The 
schematic phas e diagra. ( Fi g. 1) illustrates the const i tut i on of B-Ti allo),s. 
Wi t h in the general class of B- Ti allo),s, t he Solute lean al l oys tend t o de­
compose lIIuch more readily than do t he IIOre stab l e , so l ute rich a llo),s. The 
properties, and, even IftOre so , t he t r ansformat ions that one fi ndS i n t he rich 
and the l ean a lloys a re very di fferent. For the purposes of t he fo llowi ng 
di scussion, it is ther e for e useful to divide t he genera l c laSS i fication of 
B-Ti a l loys i nto two s ub-classifications: the lean B-Ti alloys, and the rich 
B-Ti alloys. Ther e is o t her tenninology a l ready embedded in t he literature 
i ncluding the terms metastable Band near - B alloys. We would argue that these 
te r as are even l ess precise than t hose ment i oned above. For exalllple , a ll 
a ll oys discussed i n this a r tie l e wll1 decompose to an a+B lIixture dur ing aging 
and t hus are metastable . Yet ther e a r e wide differences i n char ac t eristies 
within these all oys whi ch our classification system a t tempts to address. Fi ­
nail)" in view o f the foregoi ng, it is wor th lIent i onin g t hat there are no B­
n a lloys COllUlCrcially pr oduced i n t he U.S . whi ch consist o f only stab l e B­
phase. 

Again t her e are a va r iety of ways one can create such a diviSi on, but 
we would pr opose t he forma t ion of isotheTll3 1 to-phase as the distinguishi ng 

(*) The B- transus temperature i s the lowest temperature at which the equil i b­
rium structure i s e ntire l y B; be l OW the t r ans us , t he a+B phases are i n 
equi librium together. 
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factor; alloys which form (oJ during aging would be defined as lean alloys, and 
alloys which are too stabl e to decompose isothermally to a S~(oJ mixture would 
be classified as rich alloys . Alternative s to this definition .... ould be to de ­
fine the l ean alloys as those which deform by e ither a twinning or a marten­
sitic shearing process when in the solution treated and quenched condition; 
or to give a processing ori ented defini tion which would id.mtify the lean 
alloys as those which can be effectively thermomechanically processed in the 
a .. S phue field (though this definition is ceTtainly the least distinct of 
the threo). In terms of the mos t common commercial alloys , these three defi­
nitions pretty much coi ncide: any a lloy classified as lean or rich by one 
definition would be classed the saae way by either of the other definitions . 
Neverthe l ess, one could, without doubt , deve l op compositions which could not 
be unambiguously defined by all three definitions, thus we have selected the 
isotheraa i foraation o f w-phase as the d istinguishing factor. 

Although it is pointless to l ist and classify all the binary, ternary 
and higher order S-Ti alloy cOllpOsitions that have been investigated , it is 
perhaps useful to see how so.e of the IIOre important co_rcial alloys would 
be divided according to the above definitions. Using any of the three defi­
nitions , l ean alloys woul d include the various Transage Alloys, Ti-IOV-2Fe -
3APand Beta-III (l1.5101o-6Zr-4.52r ). The rich (more stable) alloys would 
i nclude Ti-8V-SMo-2Fe-3Al, Ti-15V- 3Fe-lAl-3Cr, Beta - C (3AI- 8V-6Cr-4Zr-4Mo), 
and 8120 VCA (13V-llCr-3AI). In terms of the two most common binary systeTlts, 
the dividing line would seem to be 19- 20% Mo, or about 24-25 % V. TIle order 
in which the alloys are listed above roughly i ndicates the order of alloy 
stability, from the leanest, or most unstable alloy (Transago), to the ri ch­
est (B120 VCA). One shOuld perhaps nOte tha t the leanest group of these 
alloys (the Transage series ) may not even be properly class ified as fI-Ti 
a lloys; it appears as if some Transage compositions form martensite on quench­
i ng while others do not (this wi ll be discussed later). I n any case, the 
similarit ies of both t he transformation behavior and the properties of 
Transage to the other 6-Ti alloys makes it entirely proper to inc l ude them 
in the present 6-li alloy discussion. 

Kith t he above sub- divisions. it becomes .uch easier to -ake genera liza­
tions about S- Ti a lloys, and to di scuss the. in a IIO r e coherent way. 

2.0 Solute Lean 6-n Alloys 

Because th .. lean 6-Ti allo)'s strengt hen quite rapidly to very high 
strengths , they a re generally not suitable for use in the 6 solution treated, 
quenched and peak aged condi t ion because t he strengths aTe very high and the 
ductili ties and toughnesses typica lly a r e toO low for most app li cations . In 
some cases, elltreme over-aging is sufficient to lower strength and to provide 
acceptable ductility, but in general, solution treatment must be done 
below the S-transus t emperatur e (termed an a .. S so lution treatment). The 
primary effect of such a treatment is to enriCh the S-matrh in e stabililing 
constituents because Al and Ti are partitioned to the precipitating a-phase. 
This increases t he stability of the S-phase and reduces its propensity to de­
cOll])Ose during subsequent aging; the final aged strength of the alloy is 
thereby decreased, and the levelS of ductility a nd toughness required ill 
structural applications call be achieved. The usual heat treatment sequence 
(or t he lean S-Ti alloys then produces a bi.odal distribution of (Z in a 5-
.atTill. Coarse , globular (Z is produced during the SOlution treat.-ent , and 
very fi ne, acicular a is pr ecipitated durins: s ubsequen t aging. These fea-

°AI I alloy cOlIIPos i tions a r e given in weight percent unless otherwise specified. 
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tures an both illust r a t ed i n f igure 2. The coarse , gl obular a is usua ll y 
ter-ed (Ilp) since it is the fin t (I t o appear in the l!Iicrostructure during 
processing, Md the fine 0. is termed secondary , or , =or e sil!lp ly , fine a. 
Nith this preview, we will now proceed to discuss the tnns(orfMtions and 
propert ies of the l ean s-n alloys in more deui I. 

The co_erdal thermomechanical treatllent of s-n a lloys can be con­
densed into four stells: 

1. Working operations (normally hot rolling or for ging) 
2. So l ution t r eat_ent 
~. Quenching 
4. Aging 

Control of all four of these steps is: critical to achieving the fina l lIIicro ­
struct uTCs and lIIechanical properties deSi r ed . The fOna:lt for thc fo llowing 
review will be t o first discuss the effect of the various process ing steps 
upon _icrostructures, and then to individua l ly d iscuss various lIIechanical 
prope rties and how they are affected by these _icrostruct ura l III;\nipulatlons. 
In fact, it wi.l l not rea ll y be possible to st r ictly adhere to these guide­
l ines , and SOlI!(! of the /nOr e gene n l discu~sions of proper t ies will have to be 
presented along with the Ilicros t rue t ura l review . 

2.1 Phase Tra nsfor.ations in t he Lean 6-Ti Alloys: 

2. 1. 1 The r: f +'eets of Bot Working a nd So l ution Treatllent on 0"1' and the 
8 Gr ain Structure. One of tke chief differences between t he "lean" e l ass of 
8- Ti a lloys and the " rich" alloys is t hat the l a t ter have lower 8-transus 
temperatures and therefore eannot be extensi vely worked in the a-a phase 
field wi t hout using extrelllCly high loads. As wi ll be diseussed in It later 
section, concerns related to the forma tion of eont inuous grain boundary (I 

layer tend to preclude SOlution treatlllCnt of the richer alloys below the 
transus temperature. l.ean a lloys, on the other han d, can and usually aTe 
both worked and so l ution treated below the ir transus temperatures i n order to 
ma intain the desi red dis tribution , morphOlogy and vol ume f raction of a . This 
usu<'\lly leads to ve r y coar se (on the order of 5-201)111 spad ng) dist r iburion of 
globular all Which has li ttle direct effect upon the s t rength of the alloy but 
which is n~vertheles 5 important for a variety of indirect reasons. 

Prob"bly the IJOSt important reason for s ub-transus So lution tTeat lllent 
has al ready been touched upon: it allows the cOllpos ition and stabil i ty of 
t he a-ma trix to be controlled. Heat treau,ent above the S-transu$ tempe rature, 
a so-ca lled a SOl ution treat.en t, r esults in the l east s table Il3trix COIIPOSi­
t i on and in the greatest drivi ng force for subsequent deco.position. As t he 
SO l ution neaUllent temperature is dtlcreased and <la. is i ntrorluced into the 
structure, tile TClI3ining: S-/Utrix becomes enriched in S s tabitit!ng ele.ents 
and somewhat depleted in AI; this increases the stabi lity of the matrix and 
reduees the driv ing force for decompoSition duri ng both quenching and aging . 
As has a lready been pointe d out, ~, is generally for-ed at high teltpe r atures 
and is t;,el .... to ro quite coarse ; it contributes li ttle, if anyth ing , to the 
Strength of the al l oy. Lower solution treat-ent teillperatures ... ill t herefore 
resul t in 10""er strength l evels after aging s i mpl y because the aJDOunt o f fine 
(I that can precipitate afte r II lower t emperature SOlution t reat_ent is de­
creased . Th is is demonstrated for the case of Ti-IO- 2- 3 i n fi gure 3. 

The second 11llportant character istic of o~ concerns its abi lity to pin 8 
grai n boundaries and reduce their mo b ility (l\mltlng both rec rystllilltat i on 
and grain growth). An c xa .. pl e o f t his is shown in Figure 4. In par t (a), a 
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Figure I. Sche..atie phase dillar-am of a ,B-stabilited t itanium syste m, indi­
cat ing the tOlll/Xlsltional range tha t would be conSide red .B alloys 
and the swdivislon of this range i nto the " l ean" and "rich" 1\ 
a lloys. 

Figure 2. Bright fie ld TEM micrograph showi ng typi cal bill'lOda l lIicrostruc­
ture of a lean B tit anium alloy . The coars e, globular pri mary (l 

is li ght co lored a nd monoli th i c , the fine acicular Cl i n the s \\ r ­
r ounding a- matr i x is visible only via TEM. This particular micro­
s t ructure is that of Ti - lO-2-3 aft e r (1+6 so lution treating at 
7200e for 2 hn and then aging at 400°C for 1000 JI . 



spedaten of lQ-2-3 vas held 3t 8200e fo r 10 .inutc$; in part (b), 11 spedll\cn 
was he l d for 2 hours at 780oC; ::md in paTt (e). a specimen was he ld further 
below the transus at 7J,OOC fOT 72 hours. Above the tran$US tc.pcrature 
(Fig. 4 (a», rccr)'Sta ll iution is extreJlle l y npid. while at 7.300C (Fis:. 4(<:)) , 
t here were s t i ll no s igns of Tccrynailiution after 24 hours at te lllPeu,ture. 
Recrystalliution :at t~eTatures IIIDrc than 70"C be l OW the t ransus (Fig. 4{c)), 
i s nearly i !llpOssib le irrespective of thenlOlOOchanical history and t he so lu­
tion trealrant ti.e. At i ntennediate tcmperatur'ils, (Fig. 4(b», the density 
of Up particles was insufficient to pr event recrystallization, but was suffi­
cient to li"it the final grain site to about lOu.. Thus, proper contf'O i of 
the or distribution provides a me,llns of control l ing r ecryStal lization and 
gra i n irowth, as well as the stability of the IUt r ix iuelf. One should note, 
that an i ncrease in aged strength when going fro .. a S solution trea t ment to 
an a+S sol ution treatment 1s possible because of the fi ne r irain she and 
greater density of secondary Cl nucleation precipitat ion i n the material so l u· 
tion treated be l ow the tnnsus. Thus, the conventional If isdolll that lower 
so l ut i on t r eatment tell!peratures l ead to lower strengths is not WithOut ex­
cep t ion. Recr)'st:l. ll itation and grai n growth are also strongly i nfluenced by 
the hot working oper ation. HI gh diffus i onaUy non.alited strain rates (") 
during hot working tend t o retard dyna.ic recrystallization, r esu l t in higher 
internal energies , and increase the tendency of the IIIIIterial to recrystallize 
during subsequent solution treata.ent. 

We have already said t hat op has very litt l e direct influence upon the 
streng th of the S- Ti alloys; it does , however, have a direct i n flue nce upon 
fracture phenolllCnon: toughneu and ductility. This in fl uence , which Ifi ll be 
reviewed under the heading o f .eehanica l properties , is r e lated to the s ite , 
distribution, and IIOrphol ogy of the Oil particles. loIicrostructurally speak· 
ing, one can sulllll3rize t he effects of working and so l ution treatment upon the 
IIOrpho l ogy and she of 0'1' as fo llows; 

I. The natural or " free " growth morphOl ogy of t he a-phase is high aspect 
rat io plates, l ying on the (IIO) planes of the S-matrix. Thus op t ha t is 
precipitated dudng the so l ut i on treatment stage will appear as nigh l y e lon­
gated plates (sec H li. S(a)). 

2. I f the a p 
wi II begin to 
sons, not due 
filiure S(b». 
raorphology is 

phase is t hen allowed to coarsen during so lution t reatment , i t 
spherodiu (the plate licometry is favored duc t o kinetic rea­
to equilibriulll energy considerations) An exa-ple i s s hown in 
This process 1s not ver)' rapid, however, because the plate 

reasonably stable. 

3. The geo-euy and distribution of or present during the hot wo r king oper­
ations is governed by st ill other conSIderations. Extensive hot working in 
the a·S phase fi e ld tendS to bre ak up the ap ' leading to a fi ne r (l di str ibu­
tion, of a IIIOre equiaxed IIOrphololiY ell). 

4. Extreme l y heavy reductions during working in the 0 . 8 r egion will tend to 
elongate the Up in the directions of IUximull ... terial fl olf , so again a plato­
li ke geo/IICt r)' can be produced, t hough now t he plates a re not crysta llograph­
ically a l igned (illus trated i n Fig. S(c». Thus, st ructure is unstable and 
recrystalli~es during subsequent a nnealing. 

S . Fina ll y , there is always a tendency to precipitate 0: on the grain bound­
aries. I f a is allowod to precipitate free l y (durin g a SOlution treat!ll!nt), 

(*)Thi5 is defined as strain rate divided by the diffusivity. This parallleter 
increases by either reducing the temperature of hot working, o r by increasing 
the strain rate. 
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Microstructures of Ti- l O- 2-3 
after sol ution treating at: 
a) 8200C for 20 0'\ • 

b) 7600C for 100 JII. 

c) 730°C for 3 dy . 



Figur e s. Four types and/or morphologi es of priMry 0:: a) c: r ystallo j!raph­
ic:a ll y elongated, b) equiaxed, c) deforrned, and d) grai n boundary. 
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it will be preferentially precipitated On the grain boundaries, often formin g 
a continuous grain boundary u layer (Fig. S(d)). This microstructural con­
stituent is always detrimental to ductility and often to toughness . In fact, 
because of the strong tendency for grain boundary Ct formation, these alloys 
cannot be worked and then Ct+B solution treated. In these alloys, solution 
treatment should be used to modify the Ctr distribution by growing or shrink ­
ing the el(isting up introduced during hot working, but should not be done in 
a way which precipitates new particles because many of these will form along 
grain boundaries . 

From the above points one can deduce that the finest grain size s are 
obtained by low hot working temperatures relative to the B-transus and by 
solution treatin g very dose to the B-transus temperature; this prevents dy­
namic r e crystallization, provide s a high driving force for subsequent r ecrys ­
tallization (thus forcing recrystallization despite the pinning effect of the 
up during the sub- transus Solution treatment), and then prevents the recrys­
tallized grains from growing rapidly . It should, however , be noted that very 
low solution treatment tempo;>ratures have be en reported to lead to inhomoge­
neous grain size distributions, and that there e;<;ist5 a "window" for optimum 
hot working (12). - A duplex solution treatment technique has also been used 
in Ti-lO-2-3 (ll,13) . The treatment consists of a first SOlution treatment 
very close to the B-transus temperature, a slow cool, and then a second 
treatment some lOoe be low the first. The strategy bo;>hind this approach is 
reportedly to obtain elongated a,., during the firs t treatment, and then to 
introduce new <lp of a II\Ore equiaxed nature during the second. It see mS 
doubtful, however, that a second treatment only looe lower than the 
first would introduce any new u, but that it woul d instead grow the (1p re ­
maining from the first. Furthermore, it is difficult to imagine why the 
second treatment would produce U which is more equiaxed than the first. OtheI 
mi crostructural studies (14) have not verified that the final a -phase dis­
tribution r e sulting f rom such a duplel( treatment is any different than r e ­
sults from a simple one-step treatment at the temperature of the final duplex 
treatment. If a difference in propertie s does exist, it would seem more 
lo gical to attr i bute it to recrystallization because the first treatment is 
high enough to allow recrystallization lihile maintaining a fine grain siz e ; 
the second treatment simply normalizes the volume fraction of Up to the vol ­
ume fraction which corresponds to the final SOlution treatment t emperature . 
As a final comment, the optimum heat treatment of the Transage alloys has 
been reported to consist of the following three-step process: a B solution 
tro;>atment, an initial aging treatment close to the transus, which could bo;> 
called an (1+B solution treatment, then a second aging treatment at 101'101' 
temperatures (IS) . Micrographs, however, do show evide nce of grain boundary 
(1 layer after s uch treatments, so it may simply be that the optimum thermo­
mechanical sequence has not yet been identified. 

2.1.2 B- Phase Decomposition During Quenching; Athermal wand (1" 
Martensite . There are two types of quenching tran sformations that have heen 
observed in the lean B- Ti alloys: athermal w-phase (Wu) and the a" marten­
site . Although neither transformation is particularly effective in strength­
ening the B-matril(, both phases have significant offects upon subsequent 
pr ecipitation hardening events, and in this respect arc quite important . 

The mechanics of the athermal B""'"W transformation have been discussed and 
reviewed extensively in the last IS years (16-21), and will only be briefly 
sWI\IIIarized here. The formation of w-phase occurs by a diffusionless, or 
compositionally invariant transformation that requires only very small atomic 
shuffles (similar to a martensitic transformation) . These shuffles consist 
of periodic compressions of the {lillB along the <Ill> which is normal to 
.. a ch of these planes. The wave -like nature of these displacemo;>nts is some-



what analogous to spinodal decomposition , except that displacemen t waves are 
involved instead of cOl!lj)Osition(l1 waves. The lola precipitates have hexagonal 
(or nearly hexagonal) symmetry, with a cIa ratio of only 0.611 , and a packing 
efficiency equal to that of the Bee structur e. The particles are fu ll y co­
herent with the S-.atrix , are very fine (on the order of 1-1~), and have no 
obvious or distinct s hape (see Fig. 6). The physical appearance of discrete 
w particles is accol!Ipanied by diffuse s treaking in X-ray and electron dif­
fraction patt erns . This streaking resulU from sheets of diffuse intensity 
which for. an ocugon bounded by the <ill> planes of the reciprocal Bee 
lattice and can actually precede the actual formation of discrete w reflec­
tions and particles. Strealcing , therefore , can be fOWld in the riche r 
alloys as well as the lean a lloys, and shou l d not in itself be considered 
conclusi.ve proof of the presence of w- phase. Although hydrostatic pressures 
C(ln be used to produce rather high volume fractions of w-phase (22) . the vol ­
ume fractions of Wa found at atlDOspheric pressures are always lower and t he 
particles are small and closely spaced, thus the effect of w on the as, 
quenched properties is generally quite 5..,.1 1. Practica l interes t i n Wa stems 
only from its influence upon subsequent precipi tation sequences. and possibl y 
froll its cOlipetition with the martensitic decomposition process (i . e . , the 
Forution of Wa. during quenching lIIay prevent martensitic decolIPosition)(21). 

Although a variety o f different martensitic crystal st r uctures have been 
reported in Ti alloys, recent evidence indicates that only tWO are found in 
bulk spedaens: the hexagonal a' . and the orthor hombic a". In fact. a" i s 
simply 8 slightly distorted hexagonal st ructure. with the same atomic posi­
tions as the hexagonal str ucture, but distorted so that the latt i ce has lat­
tice parameten be tween those of the sec B-lIatrill and those of the hexagonal 
a' structures (23.24) - a compromise between the two. This poi nt is illuS ­
trated in Figure 7. in which both the Bee and HCP l attices arc r edefined as 
orthorhombic lattices. This viewpoint is consistent with and supported by 
the Burger ' s orientation relationship w~ich describes the orientations of 0. 
and 0. ' with the S-1IIatrix: 

(1I0)sll (0001)0. 

{IIII S II [1I20 1a 

If one were to describe the same crysta ll ographic relationship in terms o f 
the orthorhollbic systems outlined i n Figure 7 , one would arrive at the follow­
ing self-consistent relati.on. where J"> and III represent parent and martensite, 
respectively: 

(OOl)pll (OOl). 

[ilOlp110101 1l 

The relationship of a" with the S lattice can be described by t he salle 
relation, substituting a" for 0' (with a tWO degree rotation r equired to 
produce the observed habit). Thus, one can gain substantial i nsight i nto the 
IUrtensi ti. c trails formation by viewing both the body-centered cubic and hex­
agonal s tructures as special cases of the orthorhOlllbic structure. As one 
.ight expect, the orthorhOilbic para.eters becollC nearer to those of the Bee 
st r ucture as the a stab ili ty of the alloy is increased (25- 28). Ha.-:lnd has 
proposed that the orthorhollbic di.stortion is introduced to acco~date inter­
stitials (29). "nIere is no experimental evidence, however, to support thi s 
suppOSition , and it is not c l ear how it would tic into the fact that in­
creas ing the S s tabilizer concentration leads to an increa.sing orthorhOllbic 
distortion. 

There are two vays methods of obtaining martensite in Ti aUoys: by 
quenching (athermal martensite), and by applying an external s tress {stress-

28 



induced martensite). There a lso is a correlation between the str ucture of 
the martensite and its mode of fonation. The (I" can fOnl either a t hermally 
or as a stress assisted product but (I' only forlls athermallY. So.., alloy 
compositions (Transage ( 30), Ti-lO-2-3 (23). and Ti - 6-2-4-6 (31), for 
example) e xhibi t both types of transforaa t ion : SOllie martensite fo:n.s ather­
lIIa ll y, but the application of an exte rna l s tress induces even mo r e . l1e wi ll 
now address some observations concerning the formation of martens ite durin g 
quench i ng. Although t he mar t ensite is s t:ructurally identical to that famed 
by (I stress- induced proc(!ss , t he particulars of the stress - assistance process 
wil l be separate l y discus sed in a later section. 

The obser vation of quench ing ma r tensite in a lloys like Ti-lO-2 - 3 and 
Transage lIIRy at first seem contradictory to t he definition of "B-Ti a llovs" 
offered earlier, but this i s not necessa r ily the case. For one, it i s fai r l y 
c l ea r that quenching stresse s can' provide s ufficient stress to trigger a 
stress- induced transforlllation in certain compositions (10,23). La rge speci ­
mens, when quenched, appear lJ,artensitic , while very thin specimens of the 
same material undergo no trans forll3tion. Silltilar ly oil quenched specillCns 
lIIa y not undergo t ransforlL'ltion , while water quenched spcdlllens do. I n any 
case, the defini.tion of a B- Ti alloy offered above carefully exc l uded a ll 
co.posi t ions that transforlJ, as a result of quenching stresses . These resid­
ual quenching stresses are not the onlyatt1 f1cts confus ing the identifi cation 
of quenched microstructures i n the lean B-n alloys. It is already well­
known that microstruct ur a l characteri1ation via TEN is diff icult due to 
transfor.ations induced by thin-foil re l axation (32,33). It is also evident 
that si~ l e mechanical poli shing can be su fficie nt to induce a th i n surface 
marte nsite l ayer. To aVDi ·l this , both optical an" X~ray specimen5 shoul d be 
electropolished . Although X- r ay diffraction patterns obtained from e lectro~ 
pOlished s urfaces should provide clear evidence with respect t o the pr es ence 
of martenSite, this evidence i s no t always unambiguous with regard to the 
structure of the mar t ensi t e . To dependably di s tingui.sh between the hexar.­
onal and orthorhombic mar t ens ites, one must l ook at more than one crystal 
orientat i on; IllUny of the more convenient testing geometr ies (such as wi th 
the beam di rection perpendicular to rolling p lane) often lIIask a ll of t he 
dini ngui shing orthorhombic peaks (such as the (1 2 0)), and even a hi ghly 
distorted orthorho.tlic structure can be illg)roperly identified as hexagonal; 
this has been verified in both Transage alloys (34) and in n-M<;> bi naries 
(:\5) . There is sti ll one !DOre compli cating issue. The /oIs tel!lperatun ­
composition curve on a Ti r hase d iagra lll t ends to be ver y Steep , Or even ver ­
tical at telllPeratures below .... 4000C. As a r esult, it beCOlJIes essenti ally 
correct to speak in t e1'. s of an lots co.position - that is, a cOq>Osi t i on 
separating ~rtens i tic alloys fro . non-lMrtensitic alloys. Alloys wi t h nOIl­
inlll compositions very near thi s critical value coul d, in fac t, fluctua t e 
f rom one side to the othe r , depending upon l ocal variations in che.i stries 
and heat -to-heat var ia tions. 

Although i t may no t be easy to predict, or even to i <!entify the pres­
ence of mart ensite in t he as - quenched s tructure , mart ensite ctoes p lay an 
important role in the subsequent aging respon se of the materia l. (Thi s will 
be illustrated in Figure 12) . It 15, therefore, relevant to take a closer 
look a t s tability of same commercial alloys relati ve to the Ms l i ne . Of the 
more important lean cORPe rdal alloys , only Cota III i s c l early too stab l e 
to ever form Iftar t ensite upon cooli ng; all of the r icher S-Ti alloys are, of 
course, too s tabl e to decompose as .. ell. n-IO-2-3 would s ee .. to li e just 
t o the right of the Ms li ne, t hough one can apparently go t o the l ef t of the 
line and still stay within the boundS of the nOllinal composi tional specifi­
cations (36). The case of the Transage alloys is the least clear . Opt ical 
.icros t r uctures have been pub l ished showing no ~rtensite whatsoever (31), 
and s howing a largely transfor.cd .atrix (30). Crossley (31- 39) has said 
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that martensite is present, but is " sub-microscopic" and present in such low 
volume fractions that it cannot be detected via X-ray diffraction, only by 
TE~t. However, this point of view docs not reflect the par t icular difficul­
ties associated with thin-foil relal<lltion as mentioned ea rlier. Other X-ray 
investigations have shown that martensite fonns in some ingots and not in 
others, suggesting that the nominal compositional range inc l udes the ,",s l ine 
(40). However , in no case was cvidcllce found for "sub-JIIicroscopic" marten­
site. Considering all tho experimenta l diffiCUl t ies JDClltiolled above, we 
feol tll:lt X- ray diffraction should be considered the final deteTlllinate as to 
whether or not all alloy is I13.rtensitic. On this basis, we feel that Transage 
:llloys are verY similar to Ti-10-2-.3 in tenns of stability to mart ensitic 
decomposi tion. 

iransage alloys, 
to undergo a 

quenched alld Imaged (or 
underaged (7) condition). The transforllation is IIOst evi dent in a tensi l e 
test (Fig. 8). At stres s l e velS as low as ISO ~!Pa, the B- phase begins to 
undergo a trolnsformation to a". The IX" transformation accol!I!JK)dates the ap­
plied l oad by producing a tensile strain. After SOllie .3 - 4\ strai n, the 
transfora1tiOnal Strain is exhauSted and the stress begins to rise again. 
"MIis second rise goes on uninterrupted until the proper dislocation flow 
stress is u:l.ched. In the case of Ti-lO-2-.3, the transforaation proce ss has 
been shown to be accompanied by moch.mical twinning. It is also int erestillg 
to note that t he s tress needed to induce the rnartens itic transforllation does 
not appear to reach a lIinimum at the ~Is temperature, as it docs i n IIOSt o t her 
thermoelastic sys tems (41); it instead begins to increase qui te sharply a t 
temperatures well :;!bov(l Ms. Although the reason for this is not entirely 
clear, it has been proposed th:;!t there i s a competit ion between the atherlll<ll 
B->w trlln~forfM.tion and the a" tr<ln$forrnation. This might a l so explain why 
the Ms li ne is so stc:ep in thes e alloys. 

111 many alloys too rich to exhibit these mnrtensitic transfonnations, 
deformation can take place by mechanical twinning . This has been studie<:l in 
Ti-V (42,4.3). in Ti-Mn (44), and in Bcta-III (45) . Two twinning systems have 
I.>een observed: {3 3 2} <1 I 3> and (I I 2}<1 I I>. The {3 3 2}q 1 3> twin­
ning systems u somewhat uncommon in bcc metals. It h:;!s been proposed that 
the {3 3 2}<1 I 3> system is c:ompatlbLe with the w-phase strocture, and 
ther efore r:;!vored in S·w m<ltric:ies (4S). There a r e inconsistencies in this 
reasoning , however, s ince the {I 1 2} <1 I 1> twinning system has been observ­
ed in other w-phas e containing systems (l4,46). 

In alloys th::lt exhibit the Stress-induced martensitic transformation, 
the original, pre-deformation shape can be restored in SOIlC of these alloys 
by heatillg the material rapidly back to its " s-telbperature . As has on l y been 
accurately .easuTed in two alloys: Ti- IO-2-3 (6) and Ti-4S~l;'b (;1. alld in 
both cases, As W<lS reported to be approxillately 200°C. The magnitude of this 
"hape lIe!llOry effect has been shown to depend upon the heating rate and the 
magnitude of origina l deformation (Fig. 9) , with t he rna)(illUIi Tecovery be ing 
on the order of 4\ . There are four interesting features of these shape 
.ellOry observlltiolls : 

l. Shape .eaory effects of this magnitude were at one t i lle thought nOt 
to exist in dis ordered al l oys (47,43). (The reasoning for the ordering re­
quirement wa s that ordering WOuld force the martensite t o revert to the 
original a-phase vnri3nt in preference to creating anti-phase boundaries). 

2. Shape memory recove r ies above 2000 C are very unusual. 

JI 
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defor..ation behavior is controlled by the stress-induced 8-oa" 
transfomation. 
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The hysuresises of the -arten,! tc t-ransfonJlation in both 8·Ti 
and in o t he r diSordered IaeIlOI")' SY$ tc lIS (e.g . • Fcloln (49» aTC e;ltu.ely 
often greater than 200°C. The Teason for this apparent trend is not 

but dese rves fur ther study. 

4. The observati on of shape Mao\"), i$ s tron g. or even concl usive proof 
that tho trans£oTWation is, in filet, stress· induced, and not plastic str ain 
induced. 

S. The existence o f shape MelKlry would sec. to illPl), that t he lattice 
lnVITtaot shear !ltchanis. is ono of twinning. as has been sUigesud by 
IUackburn and Willi.JlS (SO). and IlOt s lip u has been reported elsewhere 
(51). Confirution of this by TEN has been of a.ix.d success due to the 
:-e l nat!on effects mentioned carlier. 

The s hape -e .. ry effect in 8-Ti dlo)" exhibits t ltO propert ies of sec.­
ingl y ,rut co_rehl illlPorunte: the large hysteresis and the high trans· 
(orution te=peratu!"es. Unfortunately, these a lloys an unsub le above As 
and tend to rapid ly decoqloSe t o • B'"<IJ .ixture . It is not clear if this in· 
stabi l ity could be eli.inated, but this would sec. to be a c r itical step 
towa rds taking co_reia l advantage o( the shape IItlllOr y e((oct. 

2.1.4 
the "lean" 
upon the sped 
therMa l u-phase. 
w-- phase discussed above because it (or .s only upon 
she, and there is a coeposition gradient across the 
obset'vatlons of tile w-phase struc ture in cOmDlCrcial co.positions include 
Ti · 10·2-l (16), Trans3ge 134 (30 , 52), Beta-l IT (53) and Ti·15Mo · 5Zr (54). I t 
now appears as if tile fOJ'J'lat ion of I, ... t l;e rllllll tll-phase i n these lean alloys 
is si"'Ply a con t i nuation of the athenMl tll-pllase trans(oru.tion • after tile 
w structure i s (ormed, S·st3bilid ng elealCnts are continUOUSl y r ejected (rolll 
the w--phue particle during aging. and the partic l es li r e stabilhed (16) . Be­
ca USe o f the compositionally invaria nt way in which w--phase particles can 
grow, the physi cal growth process of the w St r ucture can be quite a bit 
faster than co.positional subi l iut i on. This sequcnce i s supported by the 
observation of aorpllo loglcal changes during continued aging (indicative of 
.isCit ch.nees) (16). as well IS by the observat ion that w-phase is suppres­
sed by direct aging (I.e. , quenching directly to the aeine t ellllPCr,Uure) (55). 
Qaee' parti c les ~n be found I n two diS t inct aorpholoeies (56-58): cuboids 
(found in lIigh . l sfi t syste.S such .s Ti - V, Ti-Cr, or TiFe), and ellipsoids 
(found in low !lisfit systeM such as Ti.·No and TiNb, and in hi,h aisfit 
syste.s durin, the earl y staees of SOl ute segTegation). In .ddition, w­
phase secas to take on a non -de script shape, relliniscent of athet"aill w-phase, 
during the ea rly stages of l ow tellper :..ture aging. Particle shoes as large 
as 0.2 "Icrons have been observed (59), and still t here has been no loss of 
coherency repor ted. Unlike the tWo quenching transfon:3tions, i sotherlMl 
w-- phase has" a dra st i c effect on the IIICchanical properties of the alloy. These 
effects are discussed in a subsequent paper within t his saw.e vol....e i n fai r 
de t llil «10), and will be br iefly sUllllllllrized in the mechanical property sec­
tion of this review. 

2.1.5 8 OecolliPOsition: The Precipitation of o-Phue. Nearly all co.­
.ercl. 1 co~nents .. de (ro. Ti a l loys are processed to produce a fine o.S 
dispersion. Both the 8 and 01 phases are by tllellSelves quite soft; there· 
lathe stf'lmgths of the two phases in a eiven alloy, depends very IlUCh on t he 
noaina l .Iloy col!pOsition .nd on the particular lleat treataent. Never t heless • 
• 8·(1 interface is still an effective hindennce to diS l ocation aove_nt and 
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can therefore he an nffcctive mat r ix strengthnner when t he a -phase pre cipi­
tates ~ re finely enough dispersed. Tht: varieties of cr. -phas~ found in S-Ti 
alloys share ma ny attributes with the cr.-phase in t he a+B alloys . Like t he 
o.+S alloys, twO types of o.-phtlSe have been reported ; tha t which obeys the 
Burger's ori entat i on rOlation (called Burger ' s o r Type I a), and a-phase 
which does not seem to obey that relation, but is i nstead oriented i n a COIII­
pl ex and incompl ete ly understood manner (called non-Bur~er 's a, or Type . II 
a( · )). One o f the most obvious differences between the a+S and the S- Ti 
a lloys is that there is more o.-pha se present in t he B-li alloys after low 
temperatur e aging, and there are consequent l y far more a - B i n t e rfaces avail­
able as sli p barriers. A second important difference concerns a -phase nu­
cleation. In the a.S alloys, a - phase is either formed by a Wi dma nstatten 
type of transfonnation, or by the t elapering of .. art ensite. The forllCr often 
leads to a colony microstructure, of the sort which has never been developed 
in a S-Ti alloy. Mornover, a - phase nucleation tends to be substantially IIOre 
sluggish in the S- Ti alloys. Although this has dis t inct advantages with re­
gard to hardenability, it ~kes it difficult to achieve a unifor. a - phase 
distribution. It i5 therefore veT)' important to ident ify and control the 
IIIOde of a - phase nuc l eat i on in S-li alloys. There arc five basic types of 
nucleation sites for a-phase precipitation: on extant w- phase part i c l e5, 
on a" plates, a plates (sympat hetic nuc l eation), on di slocations, and on grain 
bolDldaries. The first thr ee invo l ve the presence o f SOllie o t her phase , the 
last two do not. Each of these types o f sites wi ll be d i scussed below. 

At low te .. peratures (300_5000C) a-phase nucleation i s preceded by the 
w-phase formation and is Hrongly influenced by t he ext ant w-phase par ticles. 
Thi s influence appears to be stronger in high .. is fit, cuboidal w-phase fonn­
i ng systems than in low lIl i sfit, or el li psoidal systems (S3,64); there is 
little doubt, however, that w-phase can enhance (I-phase nucleat i on e ven in 
low misfit systems (e.g . , THlo (65)). The exact nature of the se nucleation 
processes remains l :lrgely unkno;,n due to arti facts as sociat ed with t hin - foi l 
relaxation e ffects and th e difficulty in resolving disl ocation struct ures in 
the S-phase. Nevertheles s , convincing micrographs (such as that shown in 
Fig. 10) seem to indicate that at l east i n t he hi gh misfit systems , t he 
w-phase particles first lose coherency, and then cr.- phas e nucleates on the 
interface ledges that are produced (66). Alpha fonne d in s uch a f ashion is 
extremely fine , uniform, and tends to ~dopt a st ubby p late morphol ogy 
(Fig . 11). In the ear l y stages of the W"'Q transi t i on, t hi s vari e t y of a­
ph ase can only bo resolved by TEM; it is optically vis i bl e only t hrough ar­
tifacts of etchi ng - an acce lerated darkening of "'hat appe ars to be unin­
terrupted S lI:It r ix. During later stages of aging, the a-phase gr ows , but 
seems to maintain its "stubby" morphology. One should no t e t hat t his nu­
cleat i on influonce is observed in all commerci:l i alloy compositions; 
Tunsage 134 (29). Ti· 10-2-3 (10), Ti- 1 5~1o-5Zr-3A I (67), and Beta-Il l (53). 
In addition, there has been :It l east one repor t of di r ect IIMI t ransformation 
in a composition which wou l d have to be conSidered " rich"; TC6 (Ti-4AI-7Mo-
10V-3Cr) (68). This seelaingl y spurious result may s i mply be a result of t he 
high oxygen content of the alloy. The wand a phases have been observed 
together, in a state of co- existence, in several of the alloys (most notably 
in Beta Ill) (53). Appa r ently, a-phase forns in an a l most compositionallY 
invariant "ay, having no long range effects upon the surrounding B-phase 
matrix (16). Thus, the appearance 01 a-phase in a mCTQstTUcture docs not 
immediately destabilize the surroundin~ w-phase dispersion, but instead the 
two phases co-exist fo r some period of dIDO. 
(")The crystallographic nature of non-Burger's a is eo.p l ex and is not a 
phenollenon peculiar to the,S alloys. It wil l the r efore not be d i scussed in 
this review. The subject has been extensively reviewed by other researchers 
(26,6 1,62); there is even SOJIIC evidence that it lII:Iy be a n artifact, and not 
preSen t in bulk ,.,.terials (63). 
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fi gure 9. Shape me mory r e covery as a funct ion of ori gina l deformati on; the 
dashed line illustrates perfect shape memory r ecoveries . 

Figure 10. Ledges forming upon cuboi dal w in a. Ti- V alloy during final 
stages of w-phase stability. 



Oae to the extremely fine she and unifonu distribution of a-phase nu­
clea ted in the above manner , it is an extremely e ffective way of strengthen­
ing the 6 matrix. Unfortunately, the Tesulting dispersions are so fine, and 
strengths so high, that therc is little or no plasti c ductility i n the peak 
aged condit ion. The properties very closely r esemble thOSe of 6_ disper­
sion~. Althoug.h ductility can be increased somewhat by resorting to a very 
low t emperature so lution treatment, the primary CI volume fractions that re­
s ult hecome extremely high . The large strength differential between the soft 
0. and the rigid matrix loads to mi smatched deformation characteristics and 
premature fracture - a point which will be taken up in more detail later. In 
any case , decreasing alloy strength by adding large volume fractions of a 
soft phase does not properl y solve the ductility problem; to do that , one 
IIIUSt severe ly over age the 6 matrix so that its deformation characteristics 
more closely resemble those of the primary a. Due to the low temperatures at 
",hich w- phase influences a precipitation, and due to the s l ow overaging char­
acteristics of the 8-Ti alloys, controlling strength via overaging i s an im­
pra ctical SOlution, requiring seve ral days at t elllperature even in the best 
cases. Th h appea rs to be IIOre true in the leaner alloys PO) than in !>eta­
III (S3) , as would be expected since this sort of nucleation is found at 
higher temperatures in the more stable alloys. QJe solution to the problem 
i s to introduce non-isothenaal aging techniques: either a two_step ( low-high) 
agi ng process, or by very s l owly heating the material to a higher aging te.­
perature. In both cases, the tilM! spe nt at the l ower temperatures . uSt be 
long enough to begin the I.r'(l reversion process so that the tillt at the high 
temperature then controlS the growth and coarsening of the a nuclei. Such 
techniques have been extensively experimented with on a research basis (10,65), 
but relatively little has been done to exa.ine thcir effects upon fracture 
toughness and to extend thl: resul ts to large scales. The fracture toughness 
issue is particularly relevant since the overaged platelets are of a IIOre 
equiaxed JIIOrpho logy ; which usually leads to Slightly inferior fracture tough­
nesses. Stili ano ther way to utilite the Ia"(l t r ansfo('1la tion has been pro­
posed and demonstrated in Ti-4S\ Nb (69). The appr oach was to again use a dup ­
lex aging treatment, hut with the high aging t emperat ure first. This ha s two 
effects: It reduces the a .. ount of fine III and a phases that can form during 
tlll:l 10'" temperature aging, but more i mportantly, the coarse a-phase plates 
from the first aging step partition the a matri:<, reduce and hOlllOgenize s lip 
length, and enhance ductility. 

Although we IIave discussed various ways to encourage (). nucleation by 
explO iting the W'""a tranSition, it is also interesting to consider IIow w-phase 
formation can be suppressed. We have already said that direct aging - quench ­
ing di rectly to the aging temperature from the solution treatment t emperature­
suppressed formation of i sotherma l III-phase . It should, and i n fact does, . sup­
press the occurrence of fine a (SS). f\ second way to suppress this sort o f 
precipitation sequence is to provide alternate nucleation sites by appropri­
ate thermolllechanica l treat_ent or cold work (70). 

Another type of nucleation scheme is that of a UDOn an. There are .. any 
ways in which Ti !II."rtensites can telliper : via the precipitation of discrete 
a-phase particles (71), via spinodal decomposition (72) , via a reshearing 
process to 6 (23 , 26), and via a direct r eplacement of a " with a via a diffu­
sional process (26,73). In the 6-Ti al loys, which are the richest alloys in 
which martensi t e can be foun d, the process would ~eelll t o be a combinati.on of 
the last two, r eshearing to B, a nd the diffu~ional stabilhation of the mar­
tensitlc plate structure. The diffusional mechanism seelllS to be the IIOSt 
important in alloys with re l a tive l y high As te .. peratures and With s low heat­
ing rates; in alloys with relatively low As tt'lJpcratures, t he reshearing pro­
cess seems to be more important. 
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Alpha precipitation via this rnechanisil does have an illportant effect 
upon the t ens ile s trength of the IUterial. In Figure 12, hardenability 
curves are shown for tWO lean S-Ti alloys. Tensil e specimens were coo l ed 
fro- above the S- uans us temperature at va rious rates, aged, and tested. Of 
particular interest are the very fast cooling rates, at which both aaterials 
were verified to fom martensite due to the residual quenching Stresses dis ­
cussed earlier . IIardening was rIIOre effective in the water quenched specimens 
than in the oil cooled specimens where no IUrtensite was found directly afte r 
quenching. One implication of this is that one Should pay very close atten­
tion to r esidus l quenching s tresses and the effect they may have upon the 
finsl tensile properties of t he I113terial. One final COmJQent concerning a ­
phase nucleation upon martensite conce:rns the proposals of Crossley regnding 
i sotheTlll3 l -artensite in the Transage alloys (35,36). Crossley has stated 
that the hardening during isothe1"lllal aging of the Transage alloys is brought 
about by the tOntxlSi tiona lly invariant growth of the "sub .icrostopic" IIIIIr ­
tensite. It is said that growth occurs during aging because of the continuous 
annealing and r ecovery of acc~dation defects in surrounding the martensite 
plates. Other studies have demonst r ated that Structural changes do , in fact , 
occur while isothenaally aging Transage (37), and that the lattice parameters 
(i.e. , the compositions) of the 6 and a phases are changed. This would see", 
to indicate t hat hardening is brought about by the precipitation of (I.- phase, 
nOt by an isothenll.'ll martensite .ecllanis.. Hechanical twins have also been 
shown to influence precipitation at high aging temperatures (53), though one 
WOuld expect the effect to be less pronounced than that due to a" since the 
surface energy of a twin interface is cOllparably quite l ow. 

The third nucl eation scenario involves an extant phase i n the local en­
hancelllCnt of a nucleation due t o the proxinlity of extant a p l ates - an event 
which hu been termed " sYllPatheti c" nucleation (74). Once one a-phase plate 
is nucleated, either on a dislocation, a grain boundary, or as a randoll event, 
the incidence of a-phase nucleation in the hrnediate surroundings of the fir s t 
plate is great l y enllanced. This nucleation scheme is generally acti ve in Ma­
t e ria lS which lIave not martens iticallY transformed, and at higher t eliper atut'Cs 
than the W"'(I sequence describe d earlier (10,27). The microstructural result 
of this nucleation schenario is to deve l op clus ters of a-phase plates (Fig. 
13(a»). Thi s is most notable in underaged materials, in which these c luStets 
Clln be observed in II primarily untransformed 13 matrix; during later stages of 
aging, or during /lging at higher t emperatures, the clusters grow together and 
take on a qUite uniform appearance. This var i e ty of (I. is always substantially 
coarser than the a produced by the W"'CI sequence, and t endS to be lIuch more 
acicular (Fla. 13(b». One obvious advantage of such a lIicrostructure is that 
one is not left with the extre~ly strong and br itt l e 0:"8 lIixture that results 
froll the W"'(I sequence, and non-isotherJllaI aging t echniques need not be used. 

In addition to nucleation upon extant phases , nucleation is" clearl y 
affected by defects; primaril y dis l ocations and grain boundar ies. It is ... e l1-
known that col d working prior to aging accelerates the hardening process and 
increases the lU:timUll hardness va lue (53). Unfortunat.ely, it is difficult to 
say how lIIuch of this incrMst' is due to the h"->a transf01'1ll3tion, and how 
much is due to nucleation enhancement by irreverSible s lip . With the excep­
tion of Beta III, the lean S alloys are generally not co l d WOrked prior to 
aging; in hot worked or annealed r».terials, t here are t oo few dislocations 
i n the .:Itrix for this mechan islll to be of rea l direct illportance. In these 
IU. t erials, the pri ..ary illlPortance of the dislocations is very likely as ini­
tiators of the sr-pathetic nucleation process. There ca.n also be co.mplica­
tion$ to the s1.pte approa.ch that cold worK increases strength; it is also 
well -known that co ld work supp res$Cs w-phase formation in favor of direct 
nuc l ea tion of t he a -phue (53) . which could , in some cases, supersede tho 0l"C 

mechanislll discussed above, lead to coarser (I.-phase distributions. and l ower 
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strengths. 

Another type of nue; l eation site that bee;omes ine;reasingly operat i ve at 
the higher tempeTlltures are grain boundaries and sub-grain boundaries. At 
high temperatures, a continuous layer of (I-phase can be found along the grain 
boundaries of recrystallhed materia l (Fig. 14); at lower temperatures . and 
in uon-ree;rystallited lIIater1aI, the layer becomes discontinuous, and often 
invisible to optical laicroscopists, but it seems to be very di f ficult to com­
pletely elilllinate. EX8e;tly how mue;h haTIII is done by the presence of such a 
soft continuous layer is not completely dear. though there is little doubt 
that it is detril!lental to strength, ductility. and toughness (10,75,76). 
Grain bOlC'ldary (I becomes even !IIOre prevalcnt in richer alloys and its effect 
on properties will be discussed in a later see;tion of this art i cle. 

2.1.6 Inter-etallics, Incl usions, and 1\ I'lecks. Most of the co..er­
cia l lean P-Ti alloys do n(lt intentionally contain large a .. unts of eutectoid­
type a l loying additions (I.e. , Fe, Cr, ~In , and Ni). The reason for this is 
that these create the possibility of interlaetal l ic compound foraation during 
high tel!lperature serVice exposures, leading to degradation of ftchanica l 
properties (77). Nevertheless, all cOlIIIICrcial fI-Ti alloys do contain inclu­
sions; a greater amount than 1<'Ould typically be found in (I and (I . S alloys. 
These inClus ions do not generally affee;t strength (with the possible e xcep­
tion of the inclusions found in Transage which are clailRed to be ZrFe2 (78). 
"breover, the effect of these inclusions on void formation and ductile frac ­
ture appears to be significant on ly in the unaged conditions (10). There is, 
however, evidence that the inc l us ions affect grain growth, and i n this respect 
can have an indire ct effect on raech(lnl.cal propert i es (Fig. IS). 

A second type of microstructural defect, and one of apparently greater 
significance, is the so-called "6 ~lecks". B flecks (see Fig. 16) are simply 
regions enriched in B-stabilizing elements - usually Fe or Cr . Bot h Fe and 
Cr tend to segregate from Ti, and therefore tend to form regions which have a 
lower S-transu$ (or greater S-phase stability) than t he s ur rounding composi­
tion. Even though the l ocal chemical variations can be qui te smal l , their 
effect upon microstructures can be quite dramatic in materia l SOl ut ion treat­
ed just below the B-transus temperature of the bulk ma t erial . All oy composi­
tions which do not contain B eutectoid additions Such as Fe , Cr, and other 
powerful a-stabilhing addi tions tend not to suffer as much froll this probl em, 
but unfortunately, Fe and Cr additions aTe more effect i ve solid $olution 
strengthene r s of the a-phase than the isomorphous S- stab ili:z;ers, I\'b, 1010 and V. 

2.2 Iolechanical Properties: 

Several general comments pertnnmg to the strength of the l ean S- Ti 
alloys have already been incorporated into the .icrostructural discussion. To 
sUllUrite, it ha s been mentioned that the strength of the unaged condition is 
controlled by the onset of a stJ'CSS-induced martensitic transformation and 
-echanical twinning; the strenllth of the w-aged conditions are extremely 
high, owing to the extrelaely fine nature of the a+w dispe r sions ; the strength ­
ening ability of a-phase precipitates is derived froll the hi gh density of a-B 
boundaries even though the a- phase partic l es themse lve s are quite soft. Tn 
addition, a (orreh.tion between solution treatment tempera t ure, attendant a 
stability, and aged strength was demonstrated in Figure 3; higher so l ution 
treatment teq>erature s generally lead to higher strengths. One exception to 
this rule appears to exist whenever .. decrease in solution treatlllent temper ­
ature pre vents recrystalli:ation; in thi s case, the enhance_n t of o.-phase 
nUCleation can outweigh considerations of B-Matrix stability and an increase 
in strength with decreasing temperature can be observed. Some averaging 
trends were a l so oresented: it wns said that the B-Ti alloys tend to have very 
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aSYlT1l'11etric aging behaviors, with r9.ther rapid hardening during t he early 
stages, and very s l uggish overaging. Finally, the importance of controlling 
(I-phase nucleation was discussed: the importance of t he aging temperature, 
of the rate at which the specimen i s brought t o t hat temperature, of cold 
wOTk, and of two-step aging tTeatments. 

One can see that the st:rcngth of these alloys can be man i pulated in a 
vaTiety of ways. FOT example, an increase in strengt h can be affected by Te­
dueing pri mary a content ( rais ing solution treatment temper atuTe), ~ducing 
the aging t empeTatuTe. altering the aging time so that strength is closer t o 
its peak va lue , by resoTting to a duplex aging tTeatment (or by slowly heat­
ing to the aging te""erature). by introducing martensite before aging, and by 
altering the niP to p:rovide a hi gher defect concentration afteT solution 
treat .. ent. Thus, the question to address ne xt, is: "Gi ven an application 
with a certain strength require.ent, what is the optimUlll way to achieve that 
strength?" This depends, of course, on what other properties are critical. 
We have already ..entioned , for exalllple, that _one .ight choose a B-processed 
alloy in toughness critical applications, and might prefer an a.S-processed 
lIaterial in applications that are ductility c r itica l . With so . any different 
routes to take to a fina l .icrostructure and set of p:roperties, it i s i m­
possib l e to be specific about properties and lIicrostructures. Certain trends 
in the properties are, however, eviden t and C<ln be sepa rately di scussed . 

2.2. a certain yi eld strength level, 
i t is values. For cxample, in Ti-lO-2-3 

to a yield strength of 122S MPa, one can achieve I1TS values 
1260 to 1420 MPa (14). ~lechanica lly, this is due to the stab-

necking, or the strain hardening Tate. As one might expect of a 
micTOstructure strengthened by shearable particles , w- phase strengthening 
al so lea(!s to the lowest work hardening rates and the l owest UTS value s (on 
a yield strength normalized basis). Within the a - aged microstructures, 
coarser distributions of fine 0 tend to have the lowest work haTdening rates 
and l owest UTS values. Of course, if one is to achieve the same yield 
strength in the two conditions (coarse and fine 0) one must manipulate the 
solution treatment temperature. This is demonstrated below . 

Table I. PTOpe rties of Two Heat Treatmen t Conditions 
of Ti-lOV-2Fe-3Al 

:\<Iat Treatment YS UTS El ongation 

~ ~ {\l 

h, " 8000C then 4 hrs at 5000C 1225 1318 8.1 , h" " nOOc then IS hTS at 37()OC 1225 140S 9.' 

In the case of the w- aged condition , the low wOTk harden ing rate is 
consistent with the pTOposition that the particles are being sheared and re­
sistance to dislocation passage significant l y reduced upon yielding (79,80). 
The case of the a-aged conditions is less clear, but one .us t surllise that the 
finer distribution of diSlocation baTTieTS (o. - a interfaces) promotes dis l oca­
tion tangling, a nd /lO r e rapid work haTdening. 

Ductility: 8-Ti nEoys in genera l tend to exhibi t greater scatter in 
ductility than do the a and a · a alloys. This scatter can be found both be­
tween ingots lind within the same ingot, and would seem to be pr illlo1 r ily due to 



8 flecks (11,81). Other microstrUCl<lral inhomogeneities such as grain boundary 
(l may also be a contributing factor. Although t her e has recently been pro­
gress towards the elhlination of these problems, one should be aware thRt duc­
ti lity data froll one source may not necessarily agree with that of another 
source. Al though this makes it sOllewhat difficult to studv ductilitr :<r~t. .. m. 
atically, many microstructural trends have been identified. Several of these 
are illustrated in Figure 17: 

1. There is, as in most alloys, a general decrease in ductility as the 
strength of the alloy is increased. Moreover, t he slope of ductility loss is 
not constant, but instead depends strongly upon microstructure. 

2. Given any specific strength level, the most brittle microstructures 
are the 6-s01ution treated and aged microstructures. 

3. The most ductile microstructures are those solution treated very 
close to, but not above, the B-transus temperature. Recalling earlier dis ­
cussions , the se microstructures are the finest grain mic r ostructures; they 
have been allowed to . .recrystallize during SOlution treatment, but the small 
volume fraction of primary (l has proh i bi ted grain growth. 

4. lrIcreasing the amount of primary a beyond the minim1,lll which is nec­
essary to inhibit grain growth decreases ductility. 

S. w-aged lIicrostructures, although generally quite brittle, can be 
made .ore duc tile by refining grain site . 

Many of the aforementioned observations can be rationalized on the basis 
of slip homog'meity (76), and with the understanding that fracture is caused 
by a void coalescence mechanism. To discuss this, it is necessary to first 
summarize some of the basic deformation features of these alloys. Voids form 
at a-6 interfaces in aged microstructures, at slip band intersections in w­
aged microstructures, and at inclusions in unaged microstructures (76). As 
already mentioned, the 0: - 6 interfaces behave as rartial slip barri ers; there 
are a sufficient numher of collllllOn slip systems transferred be tween the 0: and 
B-phases through the Burger' s relationship so that slip can pass through the 
barrie r once there is a sufficient concentration of slip behind the bllrrier 
(82,83). In addition, the resistance of these a-II interfaces to penetration 
appears to be dependent upon the part i cle sbe distribution; distributions of 
smal lerplTticle _~ t end to be more resistant t o passage than are distributions 
of l arger parti cles (84). This may be because of the greater concentration 
of transfonnationa l defe cts in the B-lI.'Itrix (83), or because it is more diffi ­
cult to obtain the critical stress concentration when the slip lengths are 
smal l. TYpical 8 - Ti alloy lIIicrostructures are billlOda l; they con s ist of a 
strong a~8 lIatrix, with soft monolithic a at the grain bolUldaries and dis ­
tributed throughout in the f01'1ll of prillary a. Increasing the strengt h di ffer· 
ence between the soft a-phase and the harder 0:.8 lIixture in the matrix en­
courages locali~ed deforJllation, and low apparent deformations. Finally, it 
has been proposed that only grain boundaries are able to reduce slip length 
in these alloys; one might think sub-grain boundaries and primary 0. particles 
would b" "ffective slip barriers, but this seems not to be the case (76). 

The first of the above observations (decreasing ductility with aging) 
is s imply rationalized on the basis that aging increases the frequenty of a- B 
interfaces, which increases the freque ncy of void formation. The second of 
the above observations, that 6-solution treat ed microstructures are the most 
brittle, is explained by the fact that the grain boundary a layer is most pro­
nounced in this condition, and defonnation is being concentrated in these soft 
regi ons; thus, the micr oscopic strains are e xtreme l y high, even though the 



IUcroscopic s t rains are relatively low. The third observation 1$ best under­
stood on the basis that finer grain sizes tend to reduce s lip length, inten ­
sity and nonhoMOgeneity. The decrease in ductility as the volume fraction of 
primary QI is increased (the fourth ob:servat ion) occurs because the strength 
dUferential betwef'n the soft primary a and the rigid 8--atrix is increas­
ing . Increasing this strength differential delays the on set of fIIo'\trix defor­
mation, concentrates the .are strain in the primary a, and leads to a pre ­
I113ture failure. The l ast observation, relating to the w-phllse, has a l ready 
been discussed to some exient. Decreasing the 8 grain she of 8~w micro­
structures homogenizes slip by reducing slip length, and therefore delays 
crack nucleation . In large grained materials, as little as a 0.6 % volume 
fraction of w is thought to be completely embrittling (59). 

There is one more microstructural factor which affects ductility but 
which is not de.onstrated by Figure 17. This is the role of pri~ry QI 

IIOrphology. It has been well documented that higher nIP teq>eratures lead to 
.are acicular prill3.ry a morphologies and reduced duct! I i ty (75, II. 85) . This, 
in conjunction with the need to elillinate grain boundary a, is why the lean 
8-Ti a lloys are nor-ally finiSh forged, or roll ed, in the a~8 phase field . 
The reason for this ductility decrease is not entirely clear, althOugh it has 
been proposed that it is due to the high density of voids which nucleate on 
the plane of the a plates at the 01-8 interface {75,86}. 

There is a strong dircctio~ality to ductility: ductilities measured 
parallel to the working direction tend to be higher than those perpendicular 
to the working direction . This result is not easily exp l ained on the basis 
of texture, s i nce the [1 1 OJ directions are known to have the highest work 
hardening ra t es and best ductilities, but it is the (I I 1] directions which 
ar e pTCferentially aligned in the working direction. To some extent, the 
directionali t y can be rationalized on the basis of primary a shape; in heav­
ily worked .icrostructures, the primary a is e longated parallel to the work­
ing direction. The -cst rapid void fOnlation woul d be expected to occur when 
the .ajor axis is oriented perpendicular to the t ensile axis. This would be 
IIIOst haTWIful to t he nansverse ductility. Although this may be part of the 
Story, it fails t o explain ductility anisotropy in 8 solution treated and aged 
materials (I.e., with no primary a present). Thus, the directional i ty o f ten­
s ile ductility in 8- Ti al l oys is not wel l understood. 

2. 2.2 El astic ~Iodulus. The moduli of the 8-Ti aUoys t ends to be 
lower than those of the" and 0: .. 6 allo),s. For structur!il applications, this 
is more often than not II d(.'triment. There are spring relate d applications, 
however, Which require a material capable of storing large amounts of elast ic 
energy( ~ ) In these terns, the 8-Ti alloys excel. The 8-Ti alloys ar e capable 
of s toring upwards of 4.5 Newton-r..eter/gram - over twice the capability ()f 
steel. Even so, spring applications for 8-Ti alloys are not particular l y 
co.mon , and the alloys which are comJlterdally best known have coll1positions 
designed to maximize 1IIO,llIlu$ , I\(>t to maximize elasticity. There clearly are 
a variety of cOllpOsitional changes that cou l d be made to illprove the suit ­
ability of these alloys for spring applications - decrease alumim. content, 
for eJ:"flPle - but even withi n the bounds of fixed and "known" compositions, 
one observes a mi crostructural dependence of modulus (unlike IIKIst metals). 
The 8- phase possesses II ~otably lower modulus than that of the a or w-phases, 
on the order of 16\ lower than Il and 50\ lower than w (87) . One therefore 
finds that unaged microstructuTCs have lower moduli than aged structures . 
One would also expe ct, though it has never been systematically proven, that 
underaged microst r uctures should have lower moduli than overaged microstruc-
tures. 0 2 
(o) the stor ed elastic energy peT gram of load bearing .ember is if'p where c:; 
is the stress, E is Young ' s modulus and p is t he density. 

" 



2.2.3 Fracture Toughness. Controlling the fracture toughness of lean 
S-Ti alloys in the aged condition has been an important issue to the aircraft 
industry for several years (11,13,35,75,88,89). All of these studies report 
findings which do not always parallel those reported in the a+S alloys (90-
92). For example, increasing the processing and solution treatment temper­
atures can increase or decrease toughness, depending on strength level. One 
should note, however, that ductility shows a more consistent trend; higher 
processing or solution treatment temperatures usually lead to higher strengths 
and reduced tensile ductility. After fixing the strength level of an alloy, 
the ductility or toughness can be varied and improved, but it is generally not 
possible to simultaneously improve both. Therefore, one must try to achieve 
a desirable compromise. There is a similar trade-off in the solution treat­
ment temperature, but not as obvious. The most fracture resistant microstruc­
tures are usually the least ductile ones (S-solution treated), but one can 
achieve an interesting blend of properties by solution treating some 10-30oC 
below the S-transus (93). 

The above microstructural influences have been suggested to be related 
to crack "tortuosityff (94) - that is, the extent to which a crack is deviated 
from its most direct route, and the extent to which a microstructural condi­
tion promotes secondary cracking. Tortuosity, then, is a qualitative way of 
describing how much energy a material absorbs through frequent, microscopic 
deviations of the crack path and by forcing the crack to follow multiple 
paths. Considering the conventional wisdom that crack growth preferentially 
follows a-S interfaces, (for which there is ample evidence), one can then 
suppose that highly elongated or acicular a would tend to deviate the crack 
path to the greatest extent, lead to the greatest tortuosities, and to the 
best toughnesses. These arguments qualitatively agree with the observed 
toughness trends inasmuch as increasing the TMP temperature tends to produce 
more acicular primary a. Increasing the solution treatment temperature also 
implies that aging will be done at higher temperatures and therefore obtain 
more elongated fine a will be formed. In the a and a+S alloys, it is the 
colony type of microstructures which are generally the most fracture resis­
tant. UnfortunatelY, it does not seem possible to generate similar a align­
ments in the S-Ti alloys, probably because the lower transformation temper­
atures limit the size of the diffusion fields which control a-plate size. 
There also is a microstructure scale effect which pertains to toughness! 
microstructure variations. If the a-plates are small compared to the crack 
tip plastic zone size at the onset of crack extension, then plate size and 
shape are not effective in deflecting the crack and microstructure becomes 
less important. Since the plastic zone size scales with the inverse square 
of the yield stress, this ofte'! 1e2.'\s to microstructurally insensitive tough­
nesses in S-Ti alloys. 

The effects of other microstructural features also are noteworthy. The 
fracture toughnesses of w-aged structures, as one might expect, is quite low 
compared to a-aged structures (53,95). This is due to the extreme localiza­
tion of slip and the rapid extension of cracks. It has also been established 
(89,96,98) that grain boundary a is detrimental to toughness. Grain boundary 
a encourages the crack to follow an intergranular route, and even though the 
route is macroscopically more tortuous than a transgranular route, the path 
itself is entirely along a-S interfaces, and therefore a low energy path 
(85,97,98). One more microstructural feature which has been mentioned in 
connection with increasing toughness is the stress-induced transformations at 
a crack tip can increase the fracture toughness of the Hadfield and TRIP 
steels (99), as well as certain ceramics (100); some limited work with 10-2-3 
suggests that the same trend is followed (101). Crossley (35,102) has said 
that the stress-induced martensitic transformation has an important effect 
upon the toughness of fully aged Transage alloys. It seems doubtful, however, 

45 



( " , , 
o , , .. , 

, 

R. o~e T ION IN ARU RA I'l;l 
10 .0 

\. '0 .. . . , , 
.\ , 

Ti IOvH.3AI 

'w _. 00.. .. , , 

". .. 
,.e b , 
, og ~ 

, 
j-~ 

0 .> O. ;" •• --" •• -C".~ 
T~V£ ~~ACTUR[ STRAIN • • 

Fi gure 17. Deaonstration of how the ducti l i ty o f Ti - lO-2- 3 decreas es with 
incr easing stl"(lngths i n various mi cros truct.ura l condi t ions . 

• Condi H .... II 

.COlld i' .... 111 

, ~. 

• 

, 
, I , .' 

" ' 

IO·"'·!,-~~~~~..".,-~~~~~~,oo 
61< (MPa-,fIIr1 

Figur e 13. Compa rison of da/dN in a- aged (cl osed c i rc l es ) and w-aged (open 
cir cles) condi t i ons of Ti -lO- 2-3 aged t o equal yie ld s trengt h 
l evelS . 



that one could still obtain a martensitic transformat i on i n a lean 6-Ti alloy 
composition after aging to, or beyond, pea\:: hardness. Moreover, the re is 
enough evidence that underageo microstructures have poorer toughnesses than 
overaged to loo\:: elsewhere for explanations of the purported high toughness 
of Transage. 

2.2.4 Fatigue. Our discussion of fa t i gue will be d i vi ded into two 
parts . First, fatigue crack gr owth will be discus sed, than a sunrnary o f 
fatigue crack initiation and smooth bar fatigue Iif" > . .. ill fo llow . 

Systematic stUdies o f fatigue crac \:: gr owth rates in the B-Ti alloys 
have been rather limited . Chakraborty, e t a l have Rleasured growth r ates of 
several rather rich Ti-V alloys, and demonstrated a tendency toward increased 
crack growth ra t es as slip becolles iaOre homogeneous (103,104). In terms of 
the cOlII!Ie rdal B-Ti a lloys, only t wo sys t elllat i c attempts have been made to 
re late .icrostructure to Fat igue Crac\:: Growth ( FCG): Ti - lOV- 2Fe - 3Al ( 14 ,97) 
and Beta-It l (95) . Both studies showed that Fa; i s sign ificant ly slower in 
tll-aged lIlicr ostructures than i n a - aged mi crostructures of equal s t rength 
(Fig. 18) . I n Ti -lO- 2-3, the threshold cyclic stress i ntens ity was i nc r eased 
from ..... 2 ~lPa-lIl~ to ..... 9MPa-,.Ji. lJnlike oth er alloys where such e ffects have 
been seen , this rather l a r ge increase CGui d not be a ttributed t o changes in 
modul us ( l OS), since w-phase precipitation increa ses modul us and shoul d 
t here fore incr ease FCG, all else being equal. The i mprovement was instead 
attributed to changes in sli p reversibility. TIle cent ral idea here is that 
microstructures which exhibit coarse , planar slip will no t allow the accumu­
lati on of damage in a plastic lone as quickly as microstruct ures which undergo 
homogeneous, or wavy slip (106) . This argument has been used to explain FCG 
r a t es in Ti- AI a ll oys (107,108), as well as the Ti - V a lloys men t ioned above 
(103 ,1 04) . 

In contrast , theSe studies showed tha t FCG was invariant to microstruc­
t ural changes in a-aged mi crostructures of equal strength (Fig . 19). In 
Ti-IO-2-3, for e)lample, 10 distinct mict"ostructural conditions were tested, 
the microstructures inClude d changes in grain s ize, extent of recrystalliza­
tion, nature of fine Ct, and t he primary a shape, size and volume frac tion . 
All conditions proved to exhib it very similar crack growth character-
ist ics in the t hreshOld and Paris Law growth r egimes. At the very fast FCG 
rates , there were small differences, and the materials could be rank ed in 
order of their anticipated fracture t oughness va l ue s (s ee previous section) . 
One would conclude, then, that· slip inhomogeneity and r eversibi l ity wen' not 
affected by these changes. 

In a separate study (101) . una ged microstructures of the same mate rial 
were s hown to have significantly reduced FCG ra tes. It is no t clear, how­
eve r, whether these improvements are due t o the disappearance of 0.-6 i nter­
faces, or whether the improvelllents were brought about by the stress-induced 
.ar tellsiti c trans formation. Studies of the Beta -III alloy showed si.ilar r e­
sults when B- solution t reated and a-aged microstructures weTe compared. Since 
Beta- III does not transform I13rtensitica.lly, this sugges t s that there is an 
intr ins i c microst ructure effect. St udies in TRIP stee l s have shown t ha t a 
mar tensitica lly t r ansfoming plast i c tOilE! leadS t o significantl y reduced 
growth rates ( 109) . Thus, the e f fect observed in Ti-JO-2-3 IUY resu lt from 
a combinat i on of these two facto r s . 

One might be te",pted to conC l ude f r o", t he above discuss i on that w-aged 
condi tions a.re preferable in fatigue critical a.pp lications . The picture 
pr esen ted here, however, i s incomplete since we have not ye t discussed micro­
stru<:tura l infl uences upon crack ini t iation. It i s oft en the case t hat 
micr ostructures which show excellent FCG r esistance t hrough t he above slip 



reversibility mechanism a l so show poor smooth bar fatigue lifetimes (107). 
Coarse planar s lip leads to hi gh reversibility, but a l so IIcce l erates crack 
i nitiation via the inter section of these coarse and intense slip bands with 
boundaries and with one another. I t has been fai r lY well established that 
w-aged conditions exhibit poorer smooth bar fatigue lifetillles than do the /)­
aged conditions (1 10). especially in the stress regime where Si gnificant 
loca l plastic st r ains are accumulated. Reducing the grain she of w-aged 
conditions has the beneficial effect of hOlllOgenizing s lip. SOfie results in­
dicate that gr ain s ize reductions lIlay provide sufficient homogenhat ion to 
approach fatigue l ifet imes of a-aged conditions (Ill). Thi s a lways is 
accOlIIPlished, however. at the expense of s l ip reversibility, and therefore 
FCC resistance. Unfortunately, very litt l e work has been done to compar e 
the smooth bar fatigue characteristics of various a-aged mi.crost r uctural 
condi t ions. of equal strength level, and determine what microStructural 
feature s are optimum for smooth bar fatigue applications. This i s clearly 
an a r ea where IIIOre work is required. 

3.0 Solute Rich S-Alloys 

The rich S-Ti a lloys diffe r i n several re spects from the l ean alloys dis­
cussed carlier. Firs t , by the definition mentioned earlier , they don ' t form 
athermal w-phase. Second, t hey exhibit a phase separation reaction in which 
the S-phase decomposes into two b.c.c. phases (Fig. 20), one solute rich and 
one solute lean; the solute lean phase is designated S'. Third, the a -phase 
nucleation kinetics are slower in t hese SOlute-rich alloys, which means that 
longer aging t i mes are requi red to achieve peak strength (Fig. 21) (112). 'The 
rea sons for this include the typically l ower aging temperatureS used for 
these alloys because of the l ower B~transus and the greater amount of diffu­
sion that is required to disper se the higher concentration of B-s tabilizing 
so luteS during formation of the a-phase precipitates. liowever, the nuclea­
tion aRd growtll kinetics of grain boundary a are considerably less sensitive 
to alloy cOlllPosition. This is shown sche_atically in Figure 22. Here, the 
ti.e difference be tween the unifo~ (,( nucleation curve and the grain boundary 
(,( nucleation curve increases wi th increasing sol ute concentration. As a re­
sult, t he tendenCY to form grai n boundary CI is ..are pronounced in these 
alloys. The importance o f this will become c l earer when their properties are 
di scussed. 

Because of the increased incidence of grain boundary a , the processing of 
the rich S- Ti a Iloys becomes e special I y important. Un fortunate ly, the re la­
tively lower 8-transus of these all oys l eads to high flow stresses at temper­
atures corresponding to the u.S re;J:ion, making it difficult , if not imposs ible , 
to u . S process these alloys. As a result, grain boundary u is essentially 
omnipresent in all of these alloys. However, because of the low transus 
temperature it also is relatively easy to process these alloys in a IoIay that 
leads to a minimum amount of recovery and recrystalli tation, l eaving a high 
den sity of substructure to aid the nucleation of a-phase (cf Fig. 14(b) ). 
The kinetics of recovery and recrystalliZation are relatively 510101 at temper­
at !,Ires in the vicinity of the S-transus but are also quite dependent on pro­
cessing history. As a result, the aging kinetics of alloys processed to con ­
tain subs t ructure, tend to be hi ghly variable and processing dependent. This 
places very real. pract i cal rest r ictions on the !,Ise of lMP for enhancing the 
aging response of these a lloys . A few exceptions should be noted here; for 
exa-.ple, in the case of springs and fasteners, a heavily CO ld-worked Struc­
tur e can be convenient l y reproduced and then aged to very high strength 
l evels. levels that woul d be too high to be useful for fracture- critical mem­
be r s. An exalllJlle of the eff ec t of working to introduce a high dislocation 
density on the aged microstructure is shown in Figures 23(a)&(b)(l12). ntese 
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Fi gure 19 . Collpa r i son of da/dN for variou s a - aged . icrostructural condi ­
t ions of Ti -lO-2-3, showing t hat microstructure variations of 
thi s type have very lit t le effect on FCC rate. 

Figure 20. 8right field Tat micrograph showing 8' zones in a 8-JIIItrix in 
Ti-8V-8/l1o-2Fe-3Al 8- so lution t reated and aged 2S0oC for 200 h. 
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Figure 21. Yi eld stress vs. ag i ng time curves for Ti-8V- 8~1o-2Fe-3Al 13-
sOlution treated and aged at 3 different temperatures . 
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Figure 22. Schematic transformation diagram showing the difference in 
kinetics of heterogeneously nucleated a (g.b.a) and uniformly 
nucleate d (1 . 
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micrographs also show that the acce lerat ed rate of intragranular a-phase pre­
cipitation also reduces the extent of grain boundary CI formation . The re ­
finement of a - phase precipitate size and spacing are better seen by TEM . Ex­
amples of this are shown in Figures 24 (a) and (b) (112) . 

Properties of Rich 6-Ti Alloys : The rich 6-Ti alloys are normally aged 
in the temperature regime where a-phase precipitat es directly. In s uch cases, 
the aging response obeys the typical sigmoidal-shaped curve, examples of 
which we r e shown in Figure 21. Oneof these is shown again in Fig.25 (112) in 
addition to t he obvious sigmoidal shape of this cur ve, it has a shallow, up­
ward slope in the long time regime. This appears to be due to the continued 
rejection of S- stabilizing solutes into t he 6-matrix. The evidence for this 
is the continued contract i on of the 6-matrix lattice parameter . This is also 
shown in Figure 25. This additional solute enrichment produces a small addi­
tional increment of solid solution hardening which corresponds to the slight 
positive slope of yield strength-agin g time curve. Aging at lower temper­
atures tends to result in higher strengths , ·as shown in Figure 21. However, 
such strengths have low corresponding ductilities, as can be seen in the 
plots of Figure 26. 

Also shown in Figure 26 is the accelerating effect of an intermediate 
working step on the aging response. From this figure it can be seen that the 
intermediate worked material reaches peak strength at a shorter aging time 
than is required to initiate an aging response in the unworked alloy. It is 
significant to note that the ductilities of both conditions converge to a 
common value at the same strength level. 

From a microstructura l v iewpoint the aging response can be divided int o 
t hree temperature regimes: the phase separation regime (lowest aging temper­
atures), the uniform a-phase nucleation regime (highest aging temperatures), 
and the sympathetic a-phase nucleation regime (intermediate to the previously 
identified extremes). The microstructures associated with these three are 
shown in Figures 20, 24(a) and 27. The aging response associated with these 
three conditions was shown in Figure 21. From this it can be seen that the 
phase separation reaction has little direct effect on the yield stress. 
However, a duplex aging treatment consisting of a low temperature age to 
create the solute - lean 6-zones and an intennediate temperature age to precip­
itate a - phase on these solute- lean sites, as shown in Fi gure 28. This can re ­
sult in high st rength levels . Unfortunately, such a heat treatment also re­
sults in formation of grain boundary a . The very fine a - phase distributions 
which result from sympathetic nucleation a l so result in very high strengths 
but, again, the attendant ductilities are typically low, as shown in Figure 
29 . Overaging is relatively slow in these mi<:rostructures, thus this means 
of controlling strength has only limited use ful ness. The one exception to 
this is the rapid overaging Seen in material which has been given an inter­
mediate working step (Fig . 26) . This can be acco\mted for on the basis of 
t he smaller a - phase precipitate spacing and the shorter diffusion distances 
invol ved in any coarsening reaction. In sunvnary, the rich 6- Ti alloys are 
capable of developing more strength than is generally useful since the duc­
tility values which accompany these stren gths are inadequate for most appli­
cations . 

The reasons for the low ductility of these alloys in the high strength 
condition is related to the occurrence of intergranular frRcture. This frac­
ture mode is the result of grain boundary a (89,98) . At high strengths,the grain 
boundary a is much weaker than the matrix. As a result, essentially all of 
the plastic strain is concentrated in the grain boundary a which fails by 
ductile rupture. The fracture surfaces of tensile specimens exhibit pre­
dominantly intergranular fracture, but the grain boundary face t s contain 



Figure 24. TEM lIicrographs showing the effects of i nterllIediate working on 
the a -phase precipitate si~e anI! spacing!n Ti-!lV- 8Mo - 2Fe- 3AI. 
a) B- solution treated and teed 2 h at SOO C, b} g-solution 
treated, rolled 30\ at 300 C and aged 2 h at SOO C. 
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Figure 27. TEM micrograph of Ti-8V-8Mo-2Fe-3Al 6-so1ution treated and aged 
385 h at 350°C, showing clusters of (I.-precipitates which appear 
as dark patches. 
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Fi&ure 28. TEH .icro,raphs showin, for.ation of n on 8' and It ,rain bound­
a ries. 1)0: fOnDed on e'. b) n forw:d It ,raln bo\llldaries. 
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dimples consistent with ductile rupture of the grain boundary a. 

The fracture toughness of rich S-Ti alloys tends to be on the low side 
also due to the propensity for i ntergranular fracture. It is possible to 
alter this fracture mod.., by 0.+13 processing, but as men tioll"d earlier, this is 
generally impractical in this class of alloys . However , the variation in 
fracture modes that can be produced by processing variations is illus trated 
in Figure 30. Although there is not a lot of toughne ss data for commercial 
rich S-Ti alloy compositions . some representative data for experimental al­
loys is shown in Table II . These data show that the toughness decreases 
significantly when the predominant frac ture path is intergranular. 

The information presented above permits the relationship between micro­
structure, fracture mode and properties to be general ized as fOllows. The 
occurrence of intergranular fracture can increase Or decrease toughness, de­
pending on strength level; at low strengths inter granular fracture tends to 
correspond to higher toughness, whereas at high strengths it does not. 1\ 
schematic representation of these t rends is shown in Fig . 31 (113) . In contras t , 
the occurrence of intergranular frac t ure seems to always correlate with low 
tensile ductility, as is schematically shown in Figure 32(113) . The effect of 
grain boundary 0. on t he measured toughness value has been explained bv a 
qualitative model which is summarized in Figure 33 (S8) . This model is based on 
the not ion that the strength difference between the matrix and the grain 
boundary 0. controls the extent to which the crack tip plastic zone can spread 
i nto the matrix. If the strength is large, then the plasticity is confined 
to the grain boundary 0. and the amount of energy diss ipated pe r unit crack 
extension is small, hence a low toughne ss value . 

The propensity for grain boundary 0. formation and the low 6-transus 
temperature combine to lllake achieving high toughness in these alloys diffi ­
cult. Studies of experimental alloys have shown (89,98) that 0.+6 processing 
can significantly improve toughness in the vicinity of the 1200 ~IPa (l75 ksi) 
st ren gth ran!;e . However, reproducible achievemen t of these strengths i n com­
me-rcial practice may be difficult to realize. 

There has been very li t tle work on the fatigue properties of rich 6-Ti 
alloys . In general, the fineness of the microstructure suggests that the FCP 
resistance will not be particularly good and will be relatively insensitive 
to microstructure. The smooth bar fatigue strength should be quite good, 
however, because of the high yield strengths that can be achieved. Here 
again, howeve r, little data is available. 

Tab le II; lYpical Properties of Several 

Al loy Ificrostructure 

6- Ti Alloys 
UTS 

MPa(ksi) 
RA , 

Ti -10Mo- 6Cr- 3Al 
(Ref. 81,98) 

Stringered a, semi - continuous 
0.+13 aged matrix 

GBu, 1.';3')(193) 15 

Continuous GBeJ, a+6 aged matrix 

Ti-6 . 5Mo-4Cr-2 . 5AI Stringered 0., no GBa,aged 0+13 
(Re f . 89-98) matrix 

Continuous GBCI , aged 0.+6 matrix 

Ti-8Mo-8V-2Fe-3Al GBCI, aged a+6 matrix 
(Ref . 94) 

Ti - 3AI-8V-6Cr- GBct, aged 0.+6 matrix 
4Zr-4Mo 

(Ref. 88) 

57 

ll85(172) 14 

1240(180) 24 " 65 

1305 (l89) 

1255 (182) 

1450(210) 

5 63 

2 56 
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Figure 29 . Yield Stl'ClSS and tensile elongation vs. aging time curves for 
Ti-8V- 8Mo-2Fe-3Al aged in the uniform a nucleation and 
sympathetic a nucleat ion regimes (500 and 3S00C, respectively) . 

Fi gure 30. SEM fractographs showing the 
g.b . ct is present or absent . 
(1 present, b) (1+6 processed, 

variation in fracture mode when 
a) 6- processed, grain boundary 

no grain boundary ct . 
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Figure 31. Schemat ic representation of s t rength-toughness trend date for 
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4.0 Outlook for I3-Ti Alloys 

The previous sections have provided a fairly complete description of the 
current state - of- the- art in 6-Ti alloys . It is also appropriate to make a 
few comments on the most likely fut ure applications of this class of alloys. 

It is fair to say that, while 6-Ti alloys have been around for a long 
time, there have been only a few instances where they have be en used in any 
si gnificant quantities . One reason for this is the cost of earlier B-Ti al­
loys. Another is that earlier, older alloys such as Ti-13V-llCr-3AI have not 
been very producible (this is not completely independent of cost) . While the 
current situation is somewhat better, only three alloys have been produced in 
any significant quantity as of the end of 1983 . These are Ti-IOV-2Fe-3Al, 
Ti-3AI - 8V- 6Cr-4Zr- 4Mo and Ti-I SV-3Cr-3Sn-3AI. The latter of these is a rel­
atively new alloy which shows promise for e xcellent producibility as shee t . 
Other a l l oys such as Ti-ll .SMo-6Sn-4Zr (B- III) have been well-received by the 
engineering corrununity, but have not actually found many applications because 
only one producer has shown a willingness to melt this alloy. Thus the re­
mainder of this section will focus on pending applications of the three a l­
loys identified earlier and some possible applications wh ich utilize the 
novel physical properties of 6- Ti alloys. 

For structural applications, B-Ti alloys are attractive from a density 
corrected s tandpoint, especially when their generally superior r es istance to 
stre ss COlTosion and hydrogen embri ttlement are taken into consideration. 
These latte r factors effectively limit the strength level at which the high 
strength steels can be used in adverse environments. This creates a number 
of applications for 6- Ti alloys. However, the increasing trend toward the 
use of damage toler ant design concepts also places stringent requirements on 
fracture-related properties such as toughness and fatigue crack propagation . 
As has been discusse d, neither of these properties are outstanding in i3-Ti 
alloys, although toughness can be manipulated by microstructural control . 
Since the critical flaw size is proportional to {KrC/YS)2, the toughness at 
strength levels of 1200 Mra (17S \;si) can be a limiting factor . The role of 
grain boundary a in limiting the toughne ss of B- Ti alloys means that constant 
additional care must be utilized in processing these alloys. It is easier to 
process the lean 6-Ti alloys to avoid grain boundary a, but for heavy section 
applications, the lean 6- Ti alloys are less hardenable. Moreover, there 
gene rally are more situations that are limited by fat i gue than by toughness, 
thus the relative insensitivity of FCP resistance of B- Ti alloys is especially 
trouble some . 

For very high strength applications such as fasteners and springs, the 
rich 6-Ti alloys are attractive because they can be cold reduced after 13-
solution treatment then fOl1lled and aged to very high strength levels. The 
somewhat lower modulus of thes e alloys coup led "'ith their very high yield 
strength permits a large e lastic defl e ct ion range in springs made of these 
alloys. In a lloys which exhibit s t ress-assisted martensite, the superelastic 
behavior is also attractive but has not been utilized to any e ;o:;tent yet. 

The other novel properties of B- Ti alloys such as shape memory effect 
also offer a number of interesting potential applications, but only time can 
permit determination of the extent to "'hich this will be utilized. 

In summary, the 6-Ti alloys may be on t he threshold of an era of in ­
creased utilization, but the constraints of cost and producibility coupled 
with the somewhat lo"'er fracture-related properties will require continued 
attent i on. In the final analysis, the emergence of new structures which pro­
vide i mproved efficiency may require the simul taneous re-examination of the 
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C!onstraints placed on materials by the C!onscT'lative designs dictated by dalJl­
age tolerant criteria. 
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