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This paper describes the metallurgical characteristics of B-Ti alloys.
Included in this description is a suggested division of this broad class of
alloys into lean and rich alloys. .\ wide variety of phase transformations
are possible in these alloys and these are described in general terms. The
effects of these transformations on microstructure and properties are also
discussed. The effects of processing history on microstructure and proper-
ties are also described. Here the differences between lean and rich alloys
becomes especially clear. The paper closes with a brief discussion of the
authors' view of the outlook for B-Ti alloys.



1.0 Introduction

A tremendous variety of phase transformations and attendant property
variations have been reported in the Beta Titanium (B-Ti) alloys - far more
than in most alloying systems of similar compositional range. Although many
of these transformations are still incompletely understood, great strides
have been made in the past 10-15 years towards obtaining a sound understand-
ing of these systems. Beta alloys were originally thought to be useful be-
cause of the attractive combinations of high strength and toughness that
could be uniformly produced through relatively thick cross-sections. This
has now been demonstrated for a variety of alloy compositions. Hore recent-
ly, however, researchers have been successful in developing other interesting
properties which may come to be of some commercial and practical interest:
superelastic properties (1,2,3), superconductive properties (4,5), and shape
memory (6,7). In addition, the recognition of excellent hot workability in
these alloys may in itself provide sufficient justification to warrant the
use of B-Ti alloys in lieu of a+B alloys, irrespective of any potential prop-
erty benefits (8,9). It is doubtful whether there is any other such narrowly
defined range of alloy compositions which is capable of producing such a wide
variety of properties. Moreover, such large variations can, in many cases,
be observed in a single alloy composition, by simple heat treatment control.
For example, in Ti-10-2-3, it has been shown that yield strengths range from
180 MPa (26 ksi) to 1500 MPa (21" ksi), depending upon preceding heat treat-
ments (10). Because of this tremendous variation in properties and micro-
structures, a detailed understanding of the alloys is complicated, but cru-
cial to their successful application.

Although there are a number of ways one can define the term "B-Ti alloy",
the following operational definition is generally useful. "A B-Ti alloy is
any titanium composition which allows one to quench a very small volume of
material into ice water from above the material's B-transus(*) temperature
without martensitically decomposing the B-phase." The point of such a de-
tailed definition is to exclude all Ti alloys in which martensite can be
formed athermally or with the assistance of residual stresses which may
arise during the quenching of large pieces. It also excludes the diffusional
decomposition of B which is section size dependent through cooling rates. The
schematic phase diagram (Fig. 1) illustrates the constitution of B-Ti alloys.
Within the general class of B-Ti alloys, the solute lean alloys tend to de-
compose much more readily than do the more stable, solute rich alloys. The
properties, and, even more so, the transformations that one finds in the rich
and the lean alloys are very different. For the purposes of the following
discussion, it is therefore useful to divide the general classification of
B-Ti alloys into two sub-classifications: the lean B-Ti alloys, and the rich
B-Ti alloys. There is other terminology already embedded in the literature
including the terms metastable B and near-B alloys. We would argue that these
terms are even less precise than those mentioned above. For example, all
alloys discussed in this article will decompose to an «+B mixture during aging
and thus are metastable. Yet there are wide differences in characteristics
within these alloys which our classification system attempts to address. Fi-
nally, in view of the foregoing, it is worth mentioning that there are no B-
Ti alloys commercially produced in the U.S. which consist of only stable B-
phase.

Again there are a variety of ways one can create such a division, but
we would propose the formation of isothermal w-phase as the distinguishing

(*) The B-transus temperature is the lowest temperature at which the equilib-
rium structure is entirely B; below the transus, the a+f phases are in
equilibrium together.
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factor; alloys which form w during aging would be defined as lean alloys, and
alloys which are too stable to decompose isothermally to a B+w mixture would
be classified as rich alloys. Alternatives to this definition would be to de-
fine the lean alloys as those which deform by either a twinning or a marten-
sitic shearing process when in the solution treated and quenched condition;
or to give a processing oriented definition which would identify the lean
alloys as those which can be effectively thermomechanically processed in the
a+B phase field (though this definition is certainly the least distinct of
the three). In terms of the most common commercial alloys, these three defi-
nitions pretty much coincide: any alloy classified as lean or rich by one
definition would be classed the same way by either of the other definitions.
Nevertheless, one could, without doubt, develop compositions which could not
be unambiguously defined by all three definitions, thus we have selected the
isothermal formation of w-phase as the distinguishing factor.

Although it is pointless to list and classify all the binary, ternary
and higher order B-Ti alloy compositions that have been investigated, it is
perhaps useful to see how some of the more important commercial alloys would
be divided according to the above definitions. Using any of the three defi-
nitions, lean alloys would include the various Transage alloys, Ti-10V-2Fe-
3Al*and Beta-IIT (11.5Mo-6Zr-4.5Zr). The rich (more stable) alloys would
include Ti-8V-8Mo-2Fe-3A1, Ti-15V-3Fe-3A1-3Cr, Beta-C (3A1-8Y-6Cr-4Zr-4Mo),
and B120 VCA (13V-11Cr-3A1). In terms of the two most common binary systems,
the dividing line would seem to be 19-20% Mo, or about 24-25% V. The order
in which the alloys are listed above roughly indicates the order of alloy
stability, from the leanest, or most unstable alloy (Transage), to the rich-
est (B120 VCA). One should perhaps note that the leanest group of these
alloys (the Transage series) may not even be properly classified as B-Ti
alloys; it appears as if some Transage compositions form martensite on quench-
ing while others do not (this will be discussed later). In any case, the
similarities of both the transformation behavior and the properties of
Transage to the other B-Ti alloys makes it entirely proper to include them
in the present B-Ti alloy discussion.

With the above sub-divisions, it becomes much easier to make generaliza-
tions about B-Ti alloys, and to discuss them in a more coherent way.

2.0 Solute Lean B-Ti Alloys

Because the lean B-Ti alloys strengthen quitc rapidly to very high
strengths, they are generally not suitable for use in the B solution treated,
quenched and peak aged condition because the strengths are very high and the
ductilities and toughnesses typically are too low for most applications. In
some cases, extreme over-aging is sufficient to lower strength and to provide
acceptable ductility, but in general, solution treatment must be done
below the B-transus temperature (termed an a+f solution treatment). The
primary effect of such a treatment is to enrich the B-matrix in B stabilizing
constituents because Al and Ti are partitioned to the precipitating o-phase.
This increases the stability of the B-phase and reduces its propensity to de-
compose during subsequent aging; the final aged strength of the alloy is
thereby decreased, and the levels of ductility and toughness required in
structural applications can be achieved. The usual heat treatment sequence
for the lean B-Ti alloys then produces a bimodal distribution of a in a 8-
matrix. Coarse, globular a is produced during the solution treatment, and
very fine, acicular o is precipitated during subsequent aging. These fea-

*All alloy compositions are given in weight percent unless otherwise specified.
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tures are both illustrated in Figure 2. The coarse, globular a is usually
termed (¢p) since it is the first a to appear in the microstructure during
processing, and the fine a is termed secondary, or, more simply, fine a.
With this preview, we will now proceed to discuss the transformations and
properties of the lean B-Ti alloys in more detail.

The commercial thermomechanical treatment of B-Ti alloys can be con-
densed into four steps:

1. Working operations (normally hot rolling or forging)
2. Solution trcatment
3. Quenching
4. Aging
Control of all four of these steps is critical to achieving the final micro-
structures and mechanical properties desired. The format for the following
review will be to first discuss the effect of the various processing steps
upon microstructures, and then to individually discuss various mechanical
properties and how they are affected by these microstructural manipulations.
In fact, it will not really be possible to strictly adhere to these guide-
lines, and some of the more general discussions of properties will have to be
presented along with the microstructural review.

2.1 Phase Transformations in the Lean B-Ti Alloys:

2.1.1 The Effects of Hot Working and Solution Treatment on ¢y, and the
B Grain Structure. One of the chief differences betwecen the "lean' class of
B-Ti alloys and the "rich" alloys is that the latter have lower B-transus
temperatures and therefore cannot be extensively worked in the a+B phase
field without using extremely high loads. As will be discussed in a later
section, concerns related to the formation of continuous grain boundary o
layer tend to preclude solution treatment of the richer alloys below the
transus temperature. Lean alloys, on the other hand, can and usually are
both worked and solution treated below their transus temperatures in order to
maintain the desired distributien, morphology and volume fraction of a,. This
usually leads to very coarse (on the order of 5-20um spacing) distribu@ion of
globular ay which has little direct effect upon the strength of the alloy but
which is nevertheless important for a variety of indirect reasons.

Probably the most important reason for sub-transus solution treatment
has already been touched upon: it allows the composition and stability of
the B-matrix to be controlled. Heat treatment above the B-transus temperature,
a so-called B solution treatment, results in the least stable matrix composi-
tion and in the greatest driving force for subsequent decomposition. As the
solution treatment temperature is decreased and ay, is introduced into the
structure, the remaining B-matrix becomes enriched in B stabilizing elements
and somewhat depleted in Al; this increases the stability of the matrix and
reduces the driving force for decomposition during both quenching and aging.
As has already been pointed out, &y is generally formed at high temperatures
and is therefore quite coarse; it contributes little, if anything, to the
strength of the alloy. Lower solution treatment temperatures will therefore
result in lower strength levels after aging simply because the amount of fine
o that can precipitate after a lower temperature solution treatment is de-
creased. This is demonstrated for the case of Ti-10-2-3 in Figure 3.

The second important characteristic of ¢, concerns its ability to pin £

grain boundaries and reduce their mobility (limiting both recrystallization
and grain growth). An example of this is shown in Figure 4. In part (a), a
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Figure 1.

Figure 2.
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Schematic phase diagram of a B-stabilized titanium system, indi-
cating the compositional range that would be considered B alloys
and the subdivision of this range into the "lean" and 'rich" B
allovs.

Bright field TEM micrograph showing typical bimodal microstruc-
ture of a lean B titanium alloy. The coarse, globular primary o
is light colored and monolithic, the fine acicular o in the sur-
rounding B-matrix is visible only via TEM. This particular micro-
structure is that of Ti-10-2-3 after a+f solution treating at
7209C for 2 hrs and then aging at 400°C for 1000 m.
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specimen of 10-2-3 was held at 820°C for 10 minutes; in part (b), a specimen
was held for 2 hours at 780°C; and in part (c), a specimen was held further
below the transus at 7300C for 72 hours. Above the transus te:gcrature

(Fig. 4(a)), recrystallization is extremely rapid, while at 730°C (Fig. 4(¢)),
there were still no signs of recrystallization after 24 hours at temperature.
Recrystallization at temperatures more than 70°C below the transus (Fig.4(c)),
is nearly impossible irrespective of thermomechanical history and the solu-
tion treatment time. At intermediate temperatures, (Fig. 4(b)), the density
of op particles was insufficient to prevent recrystallization, but was suffi-
cient to limit the final grain size to about 10pm. Thus, proper control of
the ap distribution provides a means of controlling recrystallization and
grain growth, as well as the stability of the matrix itself. One should note,
that an increase in aged strength when going from a B solution treatment to
an a+f solution treatment is possible because of the finer grain size and
greater density of secondary a nucleation precipitation in the material solu-
tion treated below the transus. Thus, the conventional wisdom that lower
solution treatment temperatures lead to lower strengths is not without ex-
ception. Recrystallization and grain growth are also strongly influenced by
the hot working operation. High diffusionally normalized strain rates (*)
during hot working tend to retard dynamic recrystallization, result in higher
internal energies, and increase the tendency of the material to recrystallize
during subsequent solution treatment.

We have already said that ap has very little direct influence upon the
strength of the B-Ti alloys; it does, however, have a direct influence upon
fracture phenomenon: toughness and ductility. This influence, which will be
reviewed under the heading of mechanical properties, is related to the size,
distribution, and morphology of the ay particles. Microstructurally speak-
ing, one can summarize the effects of working and solution treatment upon the
morphology and size of op as follows:

1. The natural or “free" growth morphology of the a-phase is high aspect
ratio plates, lying on the {110} planes of the B-matrix. Thus ap that is
precipitated during the solution treatment stage will appear as highly elon-
gated plates (see Fig., 5(a)).

2. If the op phase is then allowed to coarsen during solution treatment, it
will begin to spherodize (the plate geometry is favored due to kinetic rea-
sons, not due to equilibrium energy considerations) An example is shown in
Figure 5(b)). This process is not very rapid, however, because the plate
morphology is reasonably stable.

3. The geometry and distribution of ap present during the hot working oper-
ations is governed by still other considerations. Extensive hot working in
the a+B phase field tends to break up the ap, leading to a finer a distribu-
tion, of a more equiaxed morphology (11).

4. Extremely heavy reductions during working in the a+B region will tend to
elongate the ap in the directions of maximum material flow, so again a plate-
like geometry can be produced, though now the plates are not crystallograph-
ically aligned (illustrated in Fig. S(c)). Thus, structure is unstable and
recrystallizes during subsequent annealing.

5. Finally, there is always a tendency to precipitate a on the grain bound-
aries. If o is allowed to precipitate freely (during a solution treatment),

(*)This is defined as strain rate divided by the diffusivity. This parameter

increases by either reducing the temperature of hot working, or by increasing
the strain rate.
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Figure 3. Yield strength, ultimate tensile strength, reduction in area, and
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it will be preferentially precipitated on the grain boundaries, often forming
a continuous grain boundary o layer (Fig. 5(d)). This microstructural con-
stituent is always detrimental to ductility and often to toughness. 1In fact,
because of the strong tendency for grain boundary o formation, these alloys
cannot be worked and then c+B solution treated. In these alloys, solution
treatment should be used to modify the 4p distribution by growing or shrink-
ing the existing on introduced during hot working, but should not be done in
a way which precipitates new particles because many of these will form along
grain boundaries.

From the above points one <can deduce that the finest grain sizes are
obtained by low hot working temperatures relative to the B-transus and by
solution treating very close to the B-transus temperature; this prevents dy-
namic recrystallization, provides a high driving force for subsequent recrys-
tallization (thus forcing recrystallization despite the pinning effect of the
op during the sub-transus solution treatment}, and then prevents the recrys-
tallized grains from growing rapidly. It should, however, be noted that very
low solution treatment temperatures have been reported to lead to inhomoge-
neous grain size distributions, and that there exists a "window" for optimum
hot working (12). A duplex solution treatment technique has also been used
in Ti-10-2-3 (11,13). The treatment consists of a first solution treatment
very close to the B-transus temperature, a slow cool, and then a second
treatment some 10°C below the first. The strategy behind this approach is
reportedly to obtain elongated o, during the first treatment, and then to
introduce new 0z of a more equiaxed nature during the second. It seems
doubtful, however, that a second treatment only 10°C lower than the
first would introduce any new a, but that it would instead grow the ap re-
maining from the first. Furthermore, it is difficult to imagine why the
second treatment would produce ¢ which is more equiaxed than the first. Other
microstructural studies (14) have not verified that the final o-phase dis-
tribution resulting from such a duplex treatment is any different than re-
sults from a simple one-step treatment at the temperature of the final duplex
treatment., If a difference in properties does exist, it would seem more
logical to attribute it to recrystallization because the first treatment is
high enough to allow recrystallization while maintaining a fine grain size;
the second treatment simply normalizes the volume fraction of o, to the vol-
ume fraction which corresponds to the final solution treatment temperature.
As a final comment, the optimum heat treatment of the Transage alloys has
been reported to consist of the following three-step process: a B solution
treatment, an initial aging treatment close to the transus, which could be
called an o+f solution treatment, then a second aging treatment at lower
temperatures (15). Micrographs, however, do show evidence of grain boundary
o layer after such treatments, so it may simply be that the optimum thermo-
mechanical sequence has not yet been identified.

2.1.2 B-Phase Decomposition During Quenching: Athermal w and o'
Martensite. There are two types of quenching transformations that have bheen
observed in the lean B-Ti alloys: athermal w-phase (wy) and the o' marten-
site. Although neither transformation is particularly effective in strength-
ening the B-matrix, both phases have significant effects upon subsequent
precipitation hardening events, and in this respect are quite important.

The mechanics of the athermal f+w transformation have been discussed and
reviewed extensively in the last 15 years (16-21), and will only be briefly
summarized here. The formation of w-phase occurs by a diffusionless, or
compositionally invariant transformation that requires only very small atomic
shuffles (similar to a martensitic transformation). These shuffles consist
of periodic compressions of the {111}g along the <111> which is normal to
each of these planes. The wave-like nature of these displacements is some-



what analogous to spinodal decomposition, except that displacement waves are
involved instead of compositional waves. The w, precipitates have hexagonal
(or nearly hexagonal) symmetry, with a c/a ratio of only 0.633, and a packing
efficiency equal to that of the BCC structure. The particles are fully co-
herent with the B-matrix, are very fine (on the order of 1-3um), and have no
obvious or distinct shape (see Fig. 6). The physical appearance of discrete
w particles is accompanied by diffuse streaking in X-ray and electron dif-
fraction patterns. This streaking results from sheets of diffuse intensity
which form an octagon bounded by the <111> planes of the reciprocal BCC
lattice and can actually precede the actual formation of discrete w reflec-
tions and particles. Streaking, therefore, can be found in the richer

alloys as well as the lean alloys, and should not in itself be considered
conclusive proof of the presence of w-phase. Although hydrostatic pressures
can be used to produce rather high volume fractions of w-phase (22), the vol-
ume fractions of w, found at atmospheric pressures are always lower and the
particles are small and closely spaced, thus the effect of w on the as-
quenched properties is generally quite small. Practical interest in w, stems
only from its influence upon subsequent precipitation sequences, and possibly
from its competition with the martensitic decomposition process (i.e., the
formation of w, during quenching may prevent martensitic decomposition)(23).

Although a variety of different martensitic crystal structures have been
reported in Ti alloys, recent evidence indicates that only two are found in
bulk specimens: the hexagonal &', and the orthorhombic o". In fact, @' is
simply a slightly distorted hexagonal structure, with the same atomic posi-
tions as the hexagonal structure, but distorted so that the lattice has lat-
tice parameters between those of the BCC B-matrix and those of the hexagonal
o' structures (23,24) - a compromise between the two. This point is illus-
trated in Figure 7, in which both the BCC and HCP lattices are redefined as
orthorhombic lattices. This viewpoint is consistent with and supported by
the Burger's orientation relationship which describes the orientations of o
and o' with the B-matrix:

(110) 5] (0001)
nlgll 0120,

If one were to describe the same crystallographic relationship in terms of
the orthorhembic systems outlined in Figure 7, one would arrive at the follow-
ing self-consistent relation, where p and m represent parent and martensite,
respectively:

(OOI)p[l(OOI}m
lllo]pl[lno]m

The relationship of «' with the B lattice can be described by the same
relation, substituting a" for o' (with a two degree rotation required to
produce the observed habit). Thus, one can gain substantial insight into the
martensitic transformation by viewing both the body-centered cubic and hex-
agonal structures as special cases of the orthorhombic structure. As one
might expect, the orthorhombic parameters become nearer to those of the BCC
structure as the B stability of the alloy is increased (25-28). Hammond has
proposed that the orthorhombic distortion is introduced to accommodate inter-
stitials (29). There is no experimental evidence, however, to support this
supposition, and it is not clear how it would tie into the fact that in-
creasing the £ stabilizer concentration leads to an increasing orthorhombic
distortion.

There are two ways methods of obtaining martensite in Ti alloys: by
quenching (athermal martensite), and by applying an external stress (stress-

28



induced martensite). There also is a correlation between the structure of
the martensite and its mode of formation. The " can form either athermally
or as a stress assisted product but @' only forms athermally. Some alloy
compositions (Transage (30), Ti-10-2-3 (23), and Ti-6-2-4-6 (31), for
example) exhibit both types of transformation: some martensite forms ather-
mally, but the application of an external stress induces even more. We will
now address some observations concerning the formation of martensite during
quenching. Although the martensite is structurally identical to that formed
by a stress-induced process, the particulars of the stress-assistance process
will be separately discussed in a later section.

The observation of quenching martensite in alloys like Ti-10-2-3 and
Transage may at first seem contradictory to the definition of "B-Ti allovs"
offered earlier, but this is not necessarily the case. For one, it is fairly
clear that quenching stresses can provide sufficient stress to trigger a
stress-induced transformation in certain compositions (10,23). Large speci-
mens, when quenched, appear martensitic, while very thin specimens of the
same material undergo no transformation. Similarly oil quenched specimens
may not undergo transformation, while water quenched specimens do. In any
case, the definition of a B-Ti alloy offered above carefully excluded all
compositions that transform as a result of quenching stresses. These resid-
ual quenching stresses are not the only artifacts confusing the identification
of quenched microstructures in the lean B-Ti alloys. It is already well-
known that microstructural characterization via TEM is difficult due to
transformations induced by thin-foil relaxation (32,33). It is also evident
that simple mechanical polishing can be sufficient to induce a thin surface
martensite layer. To avoil this, both optical and X-ray specimens should be
electropolished. Although X-ray diffraction patterns obtained from electro-
polished surfaces should provide clear evidence with respect to the presence
of martensite, this evidence is not always unambiguous with regard to the
structure of the martensite. To dependably distinguish between the hexag-
onal and orthorhombic martensites, one must look at more than one crystal
oricntation; many of the more convenient testing geometries (such as with
the beam direction perpendicular to rolling plane) often mask all of the
distinguishing orthorhombic peaks (such as the (1 2 0)), and even a highly
distorted orthorhombic structure can be improperly identified as hexagonal;
this has been verified in both Transage alloys (34) and in Ti-Mo binaries
(35). There is still one more complicating issue. The Ms temperature-
composition curve on a Ti phase diagram tends to be very steep, or even ver-
tical at temperatures below v 400°C. As a result, it becomes essentially
correct to speak in terms of an Ms composition - that is, a composition
separating martensitic alloys from non-martensitic alloys. Alloys with nom-
inal compositions very near this critical value could, in fact, fluctuate
from one side to the other, depending upon local variations in chemistries
and heat-to-heat variations.

Although it may not be easy to predict, or even to identify the pres-
ence of martensite in the as-quenched structure, martensite does play an
important role in the subsequent aging response of the material. (This will
be illustrated in Figure 12). It is, therefore, relevant to take a closer
look at stability of some commercial alleys relative to the Ms line. Of the
more important lean commercial alloys, only Beta III is clearly too stable
to ever form martensite upon cooling; all of the richer B-Ti alloys are, of
course, too stable to decompose as well. Ti-10-2-3 would seem to lie just
to the right of the Ms line, though one can apparently go to the left of the
line and still stay within the bounds of the nominal compositional specifi-
cations (36). The case of the Transage alloys is the least clear. Optical
microstructures have been published showing no martensite whatsoever (37),
and showing a largely transformed matrix (30). Crossley (37-39) has said
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that martensite is present, but is "sub-microscopic" and present in such low
volume fractions that it cannot be detected via X-ray diffraction, only by
TEM. However, this point of view does not reflect the particular difficul-
ties associated with thin-foil relaxation as mentioned earlier. Other X-ray
investigations have shown that martensite forms in some ingots and not in
others, suggesting that the nominal compositional range includes the Ms line
(40). However, in no case was evidence found for "sub-microscopic' marten-
site. Considering all the experimental difficulties mentioned above, we
feel that X-ray diffraction should be considered the final determinate as to
whether or not an alloy is martensitic. On this basis, we feel that Transage
alloys are very similar to Ti-10-2-3 in terms of stability to martensitic
decomposition.

2.1.3 Stress-Induced Martensite and Shape Memory. Transage alloys,
Ti-10-2-3, and a variety of binary systems have been shown to undergo a
stress-induced martensitic transformation in the quenched and unaged (or
underaged (7) condition). The transformation is most evident in a tensile
test (Fig. 8). At stress levels as low as 150 MPa, the B-phase begins to
undergo a transformation to «'. The «" transformation accommedates the ap-
plied load by producing a tensile strain. After some 3-4% strain, the
transformational strain is exhausted and the stress begins to rise again.
This second rise goes on uninterrupted until the proper dislocation flow
stress is reached. In the case of Ti-10-2-3, the transformation process has
been shown to be accompanied by mechanical twinning. It is also interesting
to note that the stress nceded to induce the martensitic transformation does
not appear to reach a minimum at the Ms temperature, as it does in most other
thermoelastic systems (41); it instead begins to increase quite sharply at
temperatures well above Ms. Although the reason for this is not entirely
clear, it has been proposed that there is a competition between the athermal
B+w transformation and the o' transformation. This might also explain why
the Ms line is so steep in these alloys.

In many alloys too rich to exhibit these martensitic transformations,
deformation can take place by mechanical twinning. This has been studied in
Ti-V (42,43), in Ti-Mn (44), and in Beta-III (45). Two twinning systems have
been observed: {3 3 2}<1 1 3> and {1 1 2}<1 1.1>. The {3 3 2}<1 1 3> twin-
ning systems is somewhat uncommon in bcc metals. It has been proposed that
the {3 3 2}J<1 1 3> system is compatible with the w-phase structure, and
therefore favored in B+w matricies (45). There are inconsistencies in this
reasoning, however, since the {1 1 2}<1 1 1> twinning system has been observ-
ed in other w-phase containing systems (14,46).

In alloys that exhibit the stress-induced martensitic transformation,
the original, pre-deformation shape can be restored in some of these alloys
by heating the material rapidly back to its A -temperature. Ag has only been
accurately measured in two alloys: Ti-10-2-3 (6) and Ti-45%%b (7), and in
both cases, Ag was reported to be approximately 200°C. The magnitude of this
shape memory effect has been shown to depend upon the heating rate and the
magnitude of original deformation (Fig. 9), with the maximum recovery being
on the order of 4%. There are four interesting features of these shape
memory observations:

1. Shape memory effects of this magnitude were at one time thought not
to exist in disordered alloys (47,48). (The reasoning for the ordering re-
quirement was that ordering would force the martensite to revert to the
original B-phase variant in preference to creating anti-phase boundaries).

2, Shape memory recoveries above 200°C are very unusual.
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Figure 7. An illustration of how the lattices of the &, £, and o' phases
are interrelated. Also shown are the transformation strains for
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3. The hysteresises of the martensite transformation in both B-Ti
alloys and in other disordered memory systems (e.g., FeMn (49)) are extremely
large: often greater than 200°C. The reason for this apparent trend is not
clear, but deserves further study.

4. The observation of shape memory is strong, or even conclusive proof
that the transformation is, in fact, stress-induced, and not plastic strain
induced.

5. The existence of shape memory would seem to imply that the lattice
invariant shear mechanism is one of twinning, as has been suggested by
Blackburn and Williams (50), and not slip as has been reported elsewhere
(51). Confirmation of this by TEM has been of limited success due to the
relaxation effects mentioned earlier.

The shape memory effect in B-Ti alloys exhibits two properties of seem-
ingly great commercial importance: the large hysteresis and the high trans-
formation temperatures. Unfortunately, thesc alloys are unstable above Ag
and tend to rapidly decompose to a B+w mixture. It is not clear if this in-
stability could be eliminated, but this would seem to be a critical step
towards taking commercial advantage of the shape memory effect.

2.1.4 B Decomposition: The Precipitation of w-Phase. Aging any of
the "lean" alloys at low temperatures (up to approximately 400°C, depending
upon the specific alloy composition) results in the precipitation of iso-
thermal w-phase. This type of w-phase can be distinguished from the athermal
w-phase discussed above because it forms only upon aging, it is larger in
size, and there is a composition gradient across the B-w boundary. Specific
observations of the w-phase structure in commercial compositions include
Ti-10-2-3 (16), Transage 134 (30,52), Beta-IIT (53) and Ti-15Mo-5Zr (54). It
now appears as if the formation of isothermal w-phase in these lean alloys
is simply a continuation of the athermal w-phase transformation - after the
w structure is formed, B-stabilizing elements are continuously rejected from
the w-phase particle during aging, and the particles are stabilized (16). Be-
cause of the compositionally invariant way in which w-phase particles can
grow, the physical growth process of the w structure can be quite a bit
faster than compositional stabilization. This sequence is supported by the
observation of morphological changes during continued aging (indicative of
misfit changes) (16), as well as by the observation that w-phase is suppres-
sed by direct aging (i.e., quenching directly to the aging temperature) (55).
Omega particles can be found in two distinct morphologies (56-58): cuboids
(found in high misfit systems such as Ti-V, Ti-Cr, or TiFe), and ellipsoids
(found in low misfit systems such as Ti-Mo and TiNb, and in high misfit
systems during the early stages of solute segregation). In addition, w-
phase seems to take on a non-descript shape, reminiscent of athermal w-phase,
during the early stages of low temperature aging. Particle sizes as large
as 0.2 picrons have been observed (59), and still there has been no loss of
coherency reported. Unlike the two quenching transformations, isothermal
w-phase has a drastic effect on the mechanical properties of the alloy. These
effects are discussed in a subsequent paper within this same volume in fair
detail (60), and will be briefly summarized in the mechanical property sec-
tion of this review.

2.1.5 B Decomposition: The Precipitation of a-Phase. Nearly all com-
mercial components made from Ti alloys are processed to produce a fine a+B
dispersion. Both the B and « phases are by themselves quite soft; the re-
lative strengths of the two phases in a given alloy, depends very much on the
nominal alloy composition and on the particular heat trcatment. Nevertheless,
a B-a interface is still an e¢ffective hinderance to dislocation movement and
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can therefore be an effective matrix strengthener when the w-phase precipi-
tates are finely enough dispersed. The varieties of a-phase found in B-Ti
alloys share many attributes with the c-phase in the o+f alloys. Like the
a+f alloys, two types of w-phase have been reported; that which obeys the
Burger's orientation relation (called Burger's or Type I o), and c-phase
which does not seem to obey that relation, but is instead oriented in a com-
plex and incompletely understood manner (called non-Burger's o, or Type IT
a(*)). One of the most obvious differences between the a+8 and the B-Ti
alloys is that there is more a-phase present in the B-Ti alloys after low
temperature aging, and there are consequently far more o-8 interfaces avail-
able as slip barriers. A second important difference concerns a-phase nu-
cleation. In the a+B alloys, a-phase is either formed by a Widmanstatten
type of transformation, or by the tempering of martensite. The former often
leads to a colony microstructure, of the sort which has never been developed
in a 8-Ti alloy. Morcover, a-phase nucleation tends to be substantially more
sluggish in the B-Ti alloys. Although this has distinct advantages with re-
gard to hardenability, it makes it difficult to achieve a uniform a-phase
distribution. It is therefore very important to identify and control the
mode of a-phase nucleation in B-Ti alloys. There are five basic types of
nucleation sites for o-phase precipitation: on extant w-phase particles,

on o' plates, ¢ plates (sympathetic nucleation), on dislocations, and on grain
boundaries. The first three involve the presence of some other phase, the
last two do not. Each of these types of sites will be discussed below.

At low temperatures (300-500°C) a-phase nucleation is preceded by the
w-phase formation and is strongly influenced by the extant w-phase particles.
This influence appears to be stronger in high misfit, cuboidal w-phase form-
ing systems than in low misfit, or ellipsoidal systems (53,64); there is
little doubt, however, that w-phase can enhance o-phase nucleation even in
low misfit systems (e.g., TiMo (65)). The exact nature of these nucleation
processes remains largely unknown due to artifacts associated with thin-foil
relaxation effects and the difficulty in resolving dislocation structures in
the B-phase. Nevertheless, convincing micrographs (such as that shown in
Fig. 10) seem to indicate that at least in the high misfit systems, the
w-phase particles first lose coherency, and then a-phase nucleates on the
interface ledges that are produced (66). Alpha formed in such a fashion is
extremely fine, uniform, and tends to adopt a stubby plate morphology
(Fig. 11). In the early stages of the w?a transition, this variety of o-
phase can only be resolved by TEM; it is optically visible only through ar-
tifacts of etching - an accelerated darkening of what appears to be unin-
terrupted B matrix. During later stages of aging, the w-phase grows, but
seems to maintain its "stubby" morphology. One should note that this nu-
cleation influence is observed in all commercial alloy compositions:
Transage 134 (29), Ti-10-2-3 (10), Ti-15Mo-5Zr-3Al1 (67), and Beta-III (53).
In addition, there has been at least one report of direct w’a transformation
in a composition which would have to be considered "rich': TC6 (Ti-4Al-7Mo-
10V-3Cr) (68). This seemingly spurious result may simply be a result of the
high oxygen content of the alloy. The w and o phases have been observed
together, in a state of co-existence, in several of the alloys (most notably
in Beta III) (53). Apparently, a-phase forms in an almost compositionally
invariant way, having no long range effects upon the surrounding B-phase
matrix (16). Thus, the appearance of a-phase in a microstructure does not
immediately destabilize the surrounding w-phase dispersion, but instead the
two phases co-exist for some period of time.

(*)The crystallographic nature of non-Burger's @ is complex and is not a
phenomenon peculiar to the B alloys. It will therefore not be discussed in
this review. The subject has been extensively reviewed by other researchers
(26,61,62); there is even some evidence that it may be an artifact, and not
present in bulk materials (63).
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Figure 10, Ledges forming upon cuboidal w in a Ti-V alloy during final
stages of w-phase stability.
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Due to the extremely fine size and uniform distribution of @-phase nu-
cleated in the above manner, it is an extremely effective way of strengthen-
ing the B matrix. Unfortunately, the resulting dispersions are so fine, and
strengths so high, that there is little or no plastic ductility in the peak
aged condition. The properties very closely resemble those of B+w disper-
sions. Although ductility can be increased somewhat by resorting to a very
low temperature solution treatment, the primary o volume fractions that re-
sult become extremely high. The large strength differential between the soft
o and the rigid matrix leads to mismatched deformation characteristics and
premature fracture - a point which will be taken up in more detail later, In
any case, decreasing alloy strength by adding large volume fractions of a
soft phase does not properly solve the ductility problem; to do that, one
must severely overage the B matrix so that its deformation characteristics
more closely resemble those of the primary a. Due to the low temperatures at
which w-phase influences o precipitation, and due to the slow overaging char-
acteristics of the B-Ti alloys, controlling strength via overaging is an im-
practical solution, requiring several days at temperature even in the best
cases. This appears to be more true in the leaner alloys (10) than in Beta-
ITI (53), as would be expected since this sort of nucleation is found at
higher temperatures in the more stable alloys. One solution to the problem
is to introduce non-isothermal aging techniques: either a two-step (low-high)
aging process, or by very slowly heating the material to a higher aging tem-
perature. In both cases, the time spent at the lower temperatures must be
long enough to begin the w*x reversion process so that the time at the high
temperature then controls the growth and coarsening of the o nuclei. Such
techniques have been extensively experimented with on a research basis (10,65),
but relatively little has been done to examine their effects upon fracture
toughness and to extend the results to large scales. The fracture toughness
issue is particularly relevant since the overaged platelets are of a more
equiaxed morphology; which usually leads to slightly inferior fracture tough-
nesses. Still another way to utilize the w?n transformation has been pro-
posed and demonstrated in Ti-45%Nb (69). The approach was to again use a dup-
lex aging treatment, but with the high aging temperature first. This has two
effects: It reduces the amount of fine w and w phases that can form during
the low temperature aging, but more importantly, the coarse a-phase plates
from the first aging step partition the B matrix, reduce and homogenize slip
length, and enhance ductility.

Although we have discussed various ways to encourage « nucleation by
exploiting the w+o transition, it is also interesting to consider how w-phase
formation can be suppressed. We have already said that direct aging - quench-
ing directly to the aging temperature from the solution treatment temperature-
suppressed formation of isothermal w-phase. It should, and in fact does,_ sup-
press the occurrence of fine a (55). A second way to suppress this sort of
precipitation sequence is to provide alternate nucleation sites by appropri-
ate thermomechanical treatment or cold work (70).

Another type of nucleation scheme is that of « umon @&'. There are many
ways in which Ti martensites can temper: via the precipitation of discrete
a-phase particles (71), via spinodal decomposition (72), via a reshearing
process to B (23,26), and via a direct replacement of o" with a via a diffu-
sional process (26,73). In the B-Ti alloys, which are the richest alloys in
which martensite can be found, the process would seem to be a combination of
the last two, reshearing to B, and the diffusional stabilization of the mar-
tensitic plate structure. The diffusional mechanism seems to be the most
important in alloys with relatively high A temperatures and with slow heat-
ing rates; in alloys with relatively low Ag temperatures, the reshearing pro-
cess seems to be more important.
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Alpha precipitation via this mechanism does have an important effect
upon the tensile strength of the material. In Figure 12, hardenability
curves are shown for two lean B-Ti alloys. Tensile specimens were cooled
from above the B-transus temperature at various rates, aged, and tested. Of
particular interest are the very fast cooling rates, at which both materials
were verified to form martensite due to the residual quenching stresses dis-
cussed earlier. Hardening was more effective in the water quenched specimens
than in the oil cooled specimens where no martensite was found directly after
quenching. One implication of this is that one should pay very close atten-
tion to residual quenching stresses and the effect they may have upon the
final tensile properties of the material. One final comment concerning a-
phase nucleation upon martensite concerns the proposals of Crossley regarding
isothermal martensite in the Transage alloys (35,36). Crossley has stated
that the hardening during isothermal aging of the Transage alloys is brought
about by the compositionally invariant growth of the "sub microscopic" mar-
tensite. It is said that growth occurs during aging because of the continuous
annealing and recovery of accommodation defects in surrounding the martensite
plates. Other studies have demonstrated that structural changes do, in fact,
occur while isothermally aging Transage (37), and that the lattice parameters
(i.e., the compositions) of the B and a phases are changed. This would seem
to indicate that hardening is brought about by the precipitation of «-phase,
not by an isothermal martensite mechanism. Mechanical twins have also been
shown to influence precipitation at high aging temperatures (53), though one
would expect the effect to be less pronounced than that due to a' since the
surface energy of a twin interface is comparably quite low.

The third nucleation scenario involves an extant phase in the local en-
hancement of & nucleation due to the proximity of extant « plates - an event
which has been termed "sympathetic" nucleation (74). Once one a-phase plate
is nucleated, either on a dislocation, a grain boundary, or as a random event,
the incidence of a-phase nucleation in the immediate surroundings of the first
plate is greatly enhanced. This nucleation scheme is generally active in ma-
terials which have not martensitically transformed, and at higher temperatures
than the wra sequence described earlier (10,27). The microstructural result
of this nucleation schenario is to develop clusters of a-phase plates (Fig.
13(a)). This is most notable in underaged materials, in which these clusters
can be observed in a primarily untransformed B matrix; during later stages of
aging, or during aging at higher temperatures, the clusters grow together and
take on a quite uniform appearance. This variety of o is always substantially
coarser than the o produced by the w*o sequence, and tends to be much more
acicular (Fig. 13(b)). One obvious advantage of such a microstructure is that
one is not left with the extremely strong and brittle o+B mixture that results
from the w*x sequence, and non-isothermal aging techniques need not be used.

In addition to nucleation upon extant phases, nucleation is clearly
affected by defects; primarily dislocations and grain boundaries. It is well-
known that cold working prior to aging accelerates the hardening process and
increases the maximum hardness value (53). Unfortunately, it is difficult to
say how much of this increasc is due to the B+u'"-+u transformation, and how
much is due to nucleation enhancement by irreversible slip. With the excep-
tion of Beta III, the lean B alloys are generally not cold worked prior to
aging; in hot worked or annealed materials, there are too few dislocations
in the matrix for this mechanism to be of real direct importance. In these
materials, the primary importance of the dislocations is very likely as ini-
tiators of the sympathetic nucleation process. There can also be complica-
tions to the simple approach that cold work increases strength: it is also
well-known that cold work suppresses w-phase formation in favor of direct
nucleation of the a-phase (53), which could, in some cases, supersede the wwx
mechanism discussed above, lead to coarser a-phase distributions, and lower
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Figure 11.
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Figure 12.

Typical fine, stubby a-phase that results from nucleation in an
w-phase dispersion. (Ti-10-2-3 B-solution treated and aged 1 h
at 500°C).
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strengths.

Another type of nucleation site that becomes increasingly operative at
the higher temperatures are grain boundaries and sub-grain boundaries. At
high temperatures, a continuous layer of a-phase can be found along the grain
boundaries of recrystallized material (Fig. 14); at lower temperatures, and
in non-recrystallized material, the layer becomes discontinuous, and often
invisible to optical microscopists, but it seems to be very difficult to com-
pletely eliminate. Exactly how much harm is doqe by the presence of such a
soft continuous layer is not completely clear, though there is little doubt
that it is detrimental to strength, ductility, and toughness (10,75,76).
Grain boundary a becomes even more prevalent in richer alloys and its effect
on properties will be discussed in a later section of this article.

2.1.6 Intermetallics, Inclusions, and R Flecks. Most of the commer-
cial lean B-Ti alloys do not intentionally contain large amounts of eutectoid-
type alloying additions (i.e., Fe, Cr, Mn, and Ni). The reason for this is
that these create the possibility of intermetallic compound formation during
high temperature service exposures, leading to degradation of mechanical
properties (77). Nevertheless, all commercial B-Ti alloys do contain inclu-
sions; a greater amount than would typically be found in o and a+B alloys.
These inclusions do not generally affect strength (with the possible excep-
tion of the inclusions found in Transage which are claimed to be ZrFe; (78).
Moreover, the effect of these inclusions on void formation and ductile frac-
ture appears to be significant only in the unaged conditions (10). There is,
however, evidence that the inclusions affect grain growth, and in this respect
can have an indirect effect on mechanical properties (Fig. 15).

A second type of microstructural defect, and one of apparently greater
significance, is the so-called "B flecks". B flecks (see Fig. 16) are simply
regions enriched in B-stabilizing elements - usually Fe or Cr. Both Fe and
Cr tend to segregate from Ti, and therefore tend to form regions which have a
lower B-transus (or greater B-phase stability) than the surrounding composi-
tion. Even though the local chemical variations can be quite small, their
effect upon microstructures can be quite dramatic in material solution treat-
ed just below the B-transus temperature of the bulk material. Alloy composi-
tions which do not contain B eutectoid additions such as Fe, Cr, and other
powerful B-stabilizing additions tend not to suffer as much from this problem,
but unfortunately, Fe and Cr additions are more effective solid solution
strengtheners of the B-phase than the isomorphous B-stabilizers, Nb, Mo and V.

2.2  Mechanical Properties:

Several general comments pertaining to the strength of the lean B-Ti
alloys have already been incorporated into the microstructural discussion. To
summarize, it has been mentioned that the strength of the unaged condition is
controlled by the onset of a stress-induced martensitic transformation and
mechanical twinning; the strength of the w-aged conditions are extremely
high, owing to the extremely fine nature of the B+w dispersions; the strength-
ening ability of a-phase precipitates is derived from the high density of «-B
boundaries even though the a-phase particles themselves are quite soft. In
addition, a correlation between solution treatment temperature, attendant B
stability, and aged strength was demonstrated in Figure 3: higher sclution
treatment temperatures generally lead to higher strengths. One exception to
this rule appears to exist whenever a decrease in solution treatment temper-
ature prevents recrystallization; in this case, the enhancement of a-phase
nucleation can outweigh considerations of B-matrix stability and an increase
in strength with decreasing temperature can be observed. Some overaging
trends were also presented: it was said that the B-Ti alloys tend to have very
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Figure 15. TEM micrograph showing an example of how inclusions can pin
B grain boundaries.

Figure 16. Illustration of chemical segregation due to local iron enrich-
ment.



asymmetric aging behaviors, with rather rapid hardening during the early
stages, and very sluggish overaging. Finally, the importance of controlling
o-phase nucleation was discussed: the importance of the aging temperature,
of the rate at which the specimen is brought to that temperature, of cold
work, and of two-step aging treatments.

One can see that the strength of these alloys can be manipulated in a
variety of ways. For example, an increase in strength can be affected by re-
ducing primary o content (raising solution treatment temperature), reducing
the aging temperature, altering the aging time so that strength is closer to
its peak value, by resorting to a duplex aging treatment (or by slowly heat-
ing to the aging temperature), by introducing martensite before aging, and by
altering the TMP to provide a higher defect concentration after solution
treatment. Thus, the question to address next, is: "Given an application
with a certain strength requirement, what is the optimum way to achieve that
strength?" This depends, of course, on what other properties are critical.
We have already mentioned, for example, that one might choose a B-processed
alloy in toughness critical applications, and might prefer an o+B-processed
material in applications that are ductility critical. With so many different
routes to take to a final microstructure and set of properties, it is im-
possible to be specific about properties and microstructures. Certain trends
in the properties are, however, evident and can be separately discussed.

2.2.1 Ultimate Tensile Strength. Given a certain yield strength level,
it is possible to have quite different UTS values. For example, in Ti-10-2-3
strengthened to a yield strength of 1225 MPa, one can achieve UTS values
ranging from 1260 to 1420 MPa (14). Mechanically, this is due to the stab-
ility of necking, or the strain hardening rate. As one might expect of a
microstructure strengthened by shearable particles, w-phase strengthening
also leads to the lowest work hardening rates and the lowest UTS values (on
a yield strength normalized basis). Within the a-aged microstructures,
coarser distributions of fine o tend to have the lowest work hardening rates
and lowest UTS values. Of course, if one is to achieve the same yield
strength in the two conditions (coarse and fine o) one must manipulate the
solution treatment temperature. This is demonstrated below.

Table I. Properties of Two Heat Treatment Conditions
of Ti-10V-2Fe-3A1

lleat Treatment YS uTs Elongation
(MPa) (MPa) (%)
1 hr at 800°C then 4 hrs at 500°C 1225 1318 8.7
4 hrs at 720°C then 15 hrs at 370°C 1225 1405 9.5

In the case of the w-aged condition, the low work hardening rate is
consistent with the proposition that the particles are being sheared and re-
sistance to dislocation passage significantly reduced upon yielding (79,80).
The case of the w-aged conditions is less clear, but one must surmise that the
finer distribution of dislocation barriers (u-B interfaces) promotes disloca-
tion tangling, and more rapid work hardening.

Ductility: B-Ti alloys in general tend to exhibit greater scatter in

ductility than do the @ and a+§ alloys. This scatter can be found both be-
tween ingots and within the same ingot, and would seem to be primarily due to
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8 flecks (11,81). Other microstructural inhomogeneities such as grain boundary
o may also be a contributing factor. Although there has recently been pro-
gress towards the elimination of these problems, one should be aware that duc-
tility data from one source may not necessarily agree with that of another
source. Although this makes it somewhat difficult to studvy ductility svstem-
atically, many microstructural trends have been identified. Several of these
are illustrated in Figure 17:

1. There is, as in most alloys, a general decrease in ductility as the
strength of the alloy is increased. Moreover, the slope of ductility loss is
not constant, but instead depends strongly upon microstructure.

2. Given any specific strength level, the most brittle microstructures
are the B-solution treated and aged microstructures.

3. The most ductile microstructures are those solution treated very
close to, but not above, the B-transus temperature. Recalling earlier dis-
cussions, these microstructures are the finest grain microstructures; they
have been allowed to .recrystallize during solution treatment, but the small
volume fraction of primary & has prohibited grain growth.

4. Increasing the amount of primary o beyond the minimum which is nec-
essary to inhibit grain growth decreases ductility.

5. w-aged microstructures, although generally quite brittle, can be
made more ductile by refining grain size.

Many of the aforementioned observations can be rationalized on the basis
of slip homogeneity (76), and with the understanding that fracture is caused
by a void coalescence mechanism. To discuss this, it is necessary to first
summarize some of the basic deformation features of these alloys. Voids form
at @-B interfaces in aged microstructures, at slip band intersections in w-
aged microstructures, and at inclusions in unaged microstructures (76). As
already mentioned, the a-f interfaces behave as partial slip barriers; there
are a sufficient number of common slip systems transferred between the o and
B-phases through the Burger's relationship so that slip can pass through the
barrier once there is a sufficient concentration of slip behind the barrier
(82,83). 1In addition, the resistance of these a-B interfaces to penetration
appears to be dependent upon the particle size distribution; distributions of
smaller particles tend to be more resistant to passage than are distributions
of larger particles (84). This may be because of the greater concentration
of transformational defects in the B-matrix (83), or because it is more diffi-
cult to obtain the critical stress concentration when the slip lengths are
small. Typical B-Ti alloy microstructures are bimedal; they consist of a
strong 0+B matrix, with soft monolithic & at the grain boundaries and dis-
tributed throughout in the form of primary «. Increasing the strength differ-
ence between the soft o-phase and the harder a+B mixture in the matrix en-
courages localized deformation, and low apparent deformations. Finally, it
has been proposed that only grain boundaries are able to reduce slip length
in these alloys; one might think sub-grain boundaries and primary o particles
would be effective slip barriers, but this seems not to be the case (76).

The first of the above observations (decreasing ductility with aging)
is simply rationalized on the basis that aging increases the frequency of a-f
interfaces, which increases the frequency of void formation. The second of
the above observations, that f-solution treated microstructures are the most
brittle, is explained by the fact that the grain boundary o layer is most pro-
nounced in this condition, and deformation is being concentrated in these soft
regions; thus, the microscopic strains are extremely high, even though the



macroscopic strains are relatively low. The third observation is best under-
stood on the basis that finer grain sizes tend to reduce slip length, inten-
sity and nonhomogeneity. The decrease in ductility as the volume fraction of
primary a is increased (the fourth observation) occurs because the strength
differential between the soft primary o and the rigid B-matrix is increas-
ing. Increasing this strength differential delays the onset of matrix defor-
mation, concentrates the more strain in the primary @, and leads to a pre-
mature failure. The last observation, relating to the w-phase, has already
been discussed to some extent. Decreasing the B grain size of P+w micro-
structures homogenizes slip by reducing slip length, and therefore delays
crack nucleation. In large grained materials, as little as a 0.6% volume
fraction of w is thought to be completely embrittling (59).

There is one more microstructural factor which affects ductility but
which is not demonstrated by Figure 17. This is the role of primary a
morphology. It has been well documented that higher TMP temperatures lead to
more acicular primary o morphologies and reduced ductility (75,11,85). This,
in conjunction with the need to eliminate grain boundary «, is why the lean
B-Ti alloys are normally finish forged, or rolled, in the a+B phase field.
The reason for this ductility decrease is not entirely clear, although it has
been proposed that it is due to the high density of voids which nucleate on
the plane of the o plates at the a-8 interface (75,86).

There is a strong directionality to ductility: ductilities measured
parallel to the working direction tend to be higher than those perpendicular
to the working direction. This result is not easily explained on the basis
of texture, since the [1 1 0] directions are known to have the highest work
hardening rates and best ductilities, but it is the [1 1 1] directions which
are preferentially aligned in the working direction. To some extent, the
directionality can be rationalized on the basis of primary a shape; in heav-
ily worked microstructures, the primary a is elongated parallel to the work-
ing direction. The most rapid void formation would be expected to occur when
the major axis is oriented perpendicular to the tensile axis. This would be
most harmful to the transverse ductility. Although this may be part of the
story, it fails to explain ductility anisotropy in B solution treated and aged
materials (i.e., with no primary « present). Thus, the directionality of ten-
sile ductility in B8-Ti alloys is not well understood.

2,2,2 Elastic Modulus. The moduli of the B-Ti alloys tends to be
lower than those of the o and a+f alleys. For structural applications, this
is more often than not a detriment. There are spring related applications,
however, which require a material capable of storing large amounts of elastic
energy(*) In these terms, the B-Ti alloys excel. The B-Ti alloys are capable
of storing upwards of 4.5 Newton-meter/gram - over twice the capability of
steel. Even so, spring applications for 8-Ti alloys are not particularly
common, and the alloys which are commercially best known have compositions
designed to maximize modulus, not to maximize elasticity. There clearly are
a variety of compositional changes that could be made to improve the suit-
ability of these alloys for spring applications - decrease aluminum content,
for example - but even within the bounds of fixed and "known" compositions,
one observes a microstructural dependence of modulus (unlike most metals).
The B-phase possesses a notably lower modulus than that of the & or w-phases,
on the order of 16% lower than a and 50% lower than w (87). One therefore
finds that unaged microstructures have lower moduli than aged structures.
One would also expect, though it has never been systematically proven, that
underaged microstructures should have lower moduli than overaged microstruc-
tures.

2
(*) The stored elastic energy per gram of load bearing member is %_b where G
is the stress, E is Young's modulus and p is the density. ’
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2.2.3 Fracture Toughness. Controlling the fracture toughness of lean
B-Ti alloys in the aged condition has been an important issue to the aircraft
industry for several years (11,13,35,75,88,89). All of these studies report
findings which do not always parallel those reported in the o+B alloys (90-
92). For example, increasing the processing and solution treatment temper-
atures can increase or decrease toughness, depending on strength level. One
should note, however, that ductility shows a more consistent trend; higher
processing or solution treatment temperatures usually lead to higher strengths
and reduced tensile ductility. After fixing the strength level of an alloy,
the ductility or toughness can be varied and improved, but it is generally not
possible to simultaneously improve both. Therefore, one must try to achieve
a desirable compromise. There is a similar trade-off in the solution treat-
ment temperature, but not as obvious. The most fracture resistant microstruc-
tures are usually the least ductile ones (B-solution treated), but one can
achieve an interesting blend of properties by solution treating some 10-30°C
below the B-transus (93).

The above microstructural influences have been suggested to be related
to crack "tortuosity" (94) - that is, the extent to which a crack is deviated
from its most direct route, and the extent to which a microstructural condi-
tion promotes secondary cracking. Tortuosity, then, is a qualitative way of
describing how much energy a material absorbs through frequent, microscopic
deviations of the crack path and by forcing the crack to follow multiple
paths. Considering the conventional wisdom that crack growth preferentially
follows «-B interfaces, (for which there is ample evidence), one can then
suppose that highly elongated or acicular a would tend to deviate the crack
path to the greatest extent, lead to the greatest tortuosities, and to the
best toughnesses. These arguments qualitatively agree with the observed
toughness trends inasmuch as increasing the TMP temperature tends to produce
more acicular primary «. Increasing the solution treatment temperature also
implies that aging will be done at higher temperatures and therefore obtain
more elongated fine a will be formed. In the a and o+B alloys, it is the
colony type of microstructures which are generally the most fracture resis-
tant. Unfortunately, it does not seem possible to generate similar o align-
ments in the B-Ti alloys, probably because the lower transformation temper-
atures limit the size of the diffusion fields which control a-plate size.
There also is a microstructure scale effect which pertains to toughness/
microstructure variations. If the a-plates are small compared to the crack
tip plastic zone size at the onset of crack extension, then plate size and
shape are not cffective in deflecting the crack and microstructure becomes
less important. Since the plastic zone size scales with the inverse square
of the yield stress, this often leads to microstructurally insensitive tough-
nesses in B-Ti alloys.

The effects of other microstructural features also are noteworthy. The
fracture toughnesses of w-aged structures, as one might expect, is quite low
compared to a-aged structures (53,95). This is due to the extreme localiza-
tion of slip and the rapid extension of cracks. It has also been established
(89,96,98) that grain boundary o is detrimental to toughness. Grain boundary
o encourages the crack to follow an intergranular route, and even though the
route is macroscopically more tortuous than a transgranular route, the path
itself is entirely along a-P interfaces, and therefore a low energy path
(85,97,98). One more microstructural feature which has been mentioned in
connection with increasing toughness is the stress-induced transformations at
a crack tip can increase the fracture toughness of the Hadfield and TRIP
steels (99), as well as certain ceramics (100); some limited work with 10-2-3
suggests that the same trend is followed (101). Crossley (35,102) has said
that the stress-induced martensitic transformation has an important effect
upon the toughness of fully aged Transage alloys. It seems doubtful, however,
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Figure 17. Demonstration of how the ductility of Ti-10-2-3 decreases with
increasing strengths in various microstructural conditions.
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Figure 18. Comparison of da/dN in a-aged (closed circles) and w-aged (open
circles) conditions of Ti-10-2-3 aged to equal yield strength
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that one could still obtain a martensitic transformation in a lean B-Ti alloy
composition after aging to, or beyond, peak hardness. Moreover, there is
enough evidence that underaged microstructures have poorer toughnesses than
overaged to look elsewhere for explanations of the purported high toughness
of Transage.

2.2.4 Fatigue. Our discussion of fatigue will be divided into two
parts. First, fatigue crack growth will be discussed, than a summary of
fatigue crack initiation and smooth bar fatigue life will follow.

Systematic studies of fatigue crack growth rates in the B-Ti alloys
have been rather limited. Chakraborty, et al have measured growth rates of
several rather rich Ti-V alloys, and demonstrated a tendency toward increased
crack growth rates as slip becomes more homogeneous (103,104). In terms of
the commercial B-Ti alloys, only two systematic attempts have been made to
relate microstructure to Fatigue Crack Growth (FCG): Ti-10V-2Fe-3A1 (14,97)
and Beta-III (95). Both studies showed that FCG is significantly slower in
w-aged microstructures than in o-aged microstructures of equal strength
(Fig. 18). 1In Ti-10-2-3, the threshold cyclic stress intemsity was increased
from ~2 MPa-m to “~9MPa-m'%. Unlike other alloys where such effects have
been seen, this rather large increase could not be attributed to changes in
modulus (105), since w-phase precipitation increases modulus and should
therefore increase FCG, all else being equal. The improvement was instead
attributed to changes in slip reversibility. The central idea here is that
microstructures which exhibit coarse, planar slip will not allow the accumu-
lation of damage in a plastic zone as quickly as microstructures which undergo
homogeneous, or wavy slip (106). This argument has been used to explain FCG
rates in Ti-Al alloys (107,108), as well as the Ti-V alloys mentioned above
(103,104).

In contrast, these studies showed that FCG was invariant to microstruc-
tural changes in oc-aged microstructures of equal strength (Fig. 19). In
Ti-10-2-3, for example, 10 distinct microstructural conditions were rested,
the microstructures included changes in grain size, extent of vrecrystalliza-
tion, nature of fine o, and the primary o shape, size and volume fraction.
All conditions proved to exhibit very similar crack growth character-
istics in the threshold and Paris lLaw growth regimes. At the very fast FCG
rates, there were small differences, and the materials could be ranked in
order of their anticipated fracture toughness values (see previeous section).
One would conclude, then, that-slip inhomogeneity and reversibility were not
affected by these changes.

In a separate study (101), unaged microstructures of the same material
were shown to have significantly reduced FCG rates. It is not clear, how-
ever, whether these improvements are due to the disappearance of o-B inter-
faces, or whether the improvements were brought about by the stress-induced
martensitic transformation. Studies of the Beta-III alloy showed similar re-
sults when B-solution treated and a-aged microstructures were compared. Since
Beta-III does not transform martensitically, this suggests that there is an
intrinsic microstructure effect. Studies in TRIP steels have shown that a
martensitically transforming plastic zone leads to significantly reduced
growth rates (109). Thus, the effect observed in Ti-10-2-3 may result from
a combination of these two factors.

One might be tempted to conclude from the above discussion that w-aged
conditions are preferable in fatigue critical applications. The picture
presented here, however, is incomplete since we have not yet discussed micro-
structural influences upon crack initiation. It is often the case that
microstructures which show excellent FCG resistance through the above slip
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reversibility mechanism also show poor smooth bar fatigue lifetimes (107).
Coarse planar slip leads to high reversibility, but also accelerates crack
initiation via the intersection of these coarse and intense slip bands with
boundaries and with one another. It has been fairly well established that
w-aged conditions exhibit poorer smooth bar fatigue lifetimes than do the a-
aged conditions (110), especially in the stress regime where significant
local plastic strains are accumulated. Reducing the grain size of w-aged
conditions has the beneficial effect of homogenizing slip. Some results in-
dicate that grain size reductions may provide sufficient homogenization to
approach fatigue lifetimes of a-aged conditions (111). This always is
accomplished, however, at the expense of slip reversibility, and therefore
FCG resistance. Unfortunately, very little work has been done to compare
the smooth bar fatigue characteristics of various o-aged microstructural
conditions. of equal strength level, and determine what microstructural
features are optimum for smooth bar fatigue applications. This is clearly
an area where more work is required.

3.0 Solute Rich B-Alloys

The rich B-Ti alloys differ in several respects from the lean alloys dis-
cussed earlier. First, by the definition mentioned earlier, they don't form
athermal w-phase. Second, they exhibit a phase separation reaction in which
the B-phase decomposes into two b.c.c. phases (Fig. 20), one solute rich and
one solute lean; the solute lean phase is designated B'. Third, the a-phase
nucleation kinetics are slower in these solute-rich alloys, which means that
longer aging times are required to achieve peak strength (Fig. 21) (112). The
reasons for this include the typically lower aging temperatures used for
these alloys because of the lower B-transus and the greater amount of diffu-
sion that is required to disperse the higher concentration of B-stabilizing
solutes during formation of the a-phase precipitates. However, the nuclea-
tion and growth kinetics of grain boundary & are considerably less sensitive
to alloy composition. This is shown schematically in Figure 22. Here, the
time difference between the uniform o nucleation curve and the grain boundary
o nucleation curve increases with increasing solute concentration. As a re-
sult, the tendency to form grain boundary « is more pronounced in these
alloys. The importance of this will become clearer when their properties are
discussed.

Because of the increased incidence of grain boundary «, the processing of
the rich B-Ti alloys becomes especially important. Unfortunately, the rela-
tively lower B-transus of these alloys leads to high flow stresses at temper-
atures corresponding to the a+f rezion, making it difficult, if not impossible,
to a+B process these alloys. As a result, grain boundary o is essentially
omnipresent in all of these alloys. However, because of the low transus
temperature it also is relatively easy to process these alloys in a way that
leads to a minimum amount of recovery and recrystallization, leaving a high
density of substructure to aid the nucleation of a-phase (cf Fig. 14(b}).

The kinetics of recovery and recrystallization are relatively slow at temper-
atures in the vicinity of the B-transus but are also quite dependent on pro-
cessing history. As a result, the aging kinetics of alloys processed to con-
tain substructure, tend to be highly variable and processing dependent. This
places very real, practical restrictions on the use of TMP for enhancing the
aging response of these alloys. A few exceptions should be noted here; for
example, in the case of springs and fasteners, a heavily cold-worked struc-
ture can be conveniently reproduced and then aged to very high strength
levels, levels that would be too high to be useful for fracture-critical mem-
bers. An example of the effect of working to introduce a high dislocation
density on the aged microstructure is shown in Figures 23fa)&(b)(112). These
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Figure 19. Comparison of da/dN for various a-aged microstructural condi-
tions of Ti-10-2-3, showing that microstructure variations of
this type have very little effect on FCC rate.
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Figure 20. Bright field TEH micrograph showing B' zones in a B-matrix in
Ti-8V-8Mo-2Fe-3A1 B-solution treated and aged 250°C for 200 h.



COMPRESSION TESTS OF Ti-B8Mo-BV-2Fe-3al
QUENCHED FROM 900°C AND AGED
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Figure 21. Yield stress vs. aging time curves for Ti-8V-8Mo-2Fe-3Al B-
solution treated and aged at 3 different temperatures.
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Figure 22. Schematic transformation diagram showing the difference in
kinetics of heterogeneously nucleated o (g.b.) and uniformly
nucleated o.
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Figure 23.

Light micrographs showing the effect of intermediate working on
the ca-phase precipitate distribution in Ti-8V-8Mo-2Fe-3Al1. a)
B-solution treat + aged 1 h at 650°C &no intermediate work), b)
B-solution treated, rolled 30% at 300°C + aged 2 h at 500°C.
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micrographs also show that the accelerated rate of intragranular o-phase pre-
cipitation also reduces the extent of grain boundary o formation. The re-
finement of o-phase precipitate size and spacing are better seen by TEM. Lx-
amples of this are shown in Figures 24(a) and (b) (112).

Properties of Rich B-Ti Alloys: The rich B-Ti alloys are normally aged
in the temperature regime where a-phase precipitates directly. In such cases,
the aging response obeys the typical sigmoidal-shaped curve, examples of
which were shown in Figure 21. One of these is shown again in Fig.25 (112) in
addition to the obvious sigmoidal shape of this curve, it has a shallow, up-
ward slope in the long time regime. This appears to be due to the continued
rejection of B-stabilizing solutes into the B-matrix. The evidence for this
is the continued contraction of the B-matrix lattice parameter. This is also
shown in Figure 25. This additiocnal solute enrichment produces a small addi-
tional increment of solid solution hardening which corresponds to the slight
positive slope of yield strength-aging time curve. Aging at lower temper-
atures tends to result in higher strengths, -as shown in Figure 21. However,
such strengths have low corresponding ductilities, as can be seen in the
plots of Figure 26.

Also shown in Figure 26 is the accelerating effect of an intermediate
working step on the aging response. From this figure it can be seen that the
intermediate worked material reaches peak strength at a shorter aging time
than is required to initiate an aging response in the unworked alloy. It is
significant to note that the ductilities of both conditions converge to a
common value at the same strength level.

From a microstructural viewpoint the aging response can be divided into
three temperature regimes: the phase separation regime (lowest aging temper-
atures), the uniform o-phase nucleation regime (highest aging temperatures),
and the sympathetic a-phase nucleation regime (intermediate to the previously
identified extremes). The microstructures associated with these three are
shown in Figures 20, 24(a) and 27. The aging response associated with these
three conditions was shown in Figure 21. From this it can be seen that the
phase separation reaction has little direct effect on the yield stress.
However, a duplex aging treatment consisting of a low temperature age to
create the solute-lean B-zones and an intermediate temperature age to precip-
itate a-phase on these solute-lean sites, as shown in Figure 28. This can re-
sult in high strength levels. Unfortunately, such a heat treatment also re-
sults in formation of grain boundary w. The very fine n-phase distributions
which result from sympathetic nucleation also result in very high strengths
but, again, the attendant ductilities are typically low, as shown in Figure
29. Overaging is relatively slow in these microstructures, thus this means
of controlling strength has only limited usefulness. The one exception to
this is the rapid overaging seen in material which has been given an inter-
mediate working step (Fig. 26). This can be accounted for on the basis of
the smaller o-phase precipitate spacing and the shorter diffusion distances
involved in any coarsening reaction. In summary, the rich B-Ti alloys are
capable of developing more strength than is generally useful since the duc-
tility values which accompany these strengths are inadequate for most appli-
cations.

The reasons for the low ductility of these alloys in the high strength
condition is related to the occurrence of intergranular fracture. This frac-
ture mode is the result of grain boundaryo (89,98). At high strengths,the grain
boundary o is much weaker than the matrix. As a result, essentially all of
the plastic strain is concentrated in the grain boundary o which fails by
ductile rupture. The fracture surfaces of temsile specimens exhibit pre-
dominantly intergranular fracture, but the grain boundary facets contain
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Figure 24. TEM micrographs showing the effects of intermediate working on
the o-phase precipitate size and spacing in Ti-8V-8Mo-2Fe-3Al.
a) B-solution treated and aged 2 h at 500°C, b) g-solution
treated, rolled 30% at 300°C and aged 2 h at 500°C.
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VARIATION OF BETA LATTICE PARAMETER AND VOLUME FRACTION ALPHA
DURING AGING AT 500*C
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Figure 25. Plots showing the variation in yield strength and B-matrix
lattice parameter as a function of aging time for Ti-8V-8Mo-2Fe-
3A1 aged at 500°C.
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Figure 26. Yield strength and tensile elongation vs. aging time for
Ti-8V-8Mo-2Fe-3A1 B-solution treated and aged at 500°C with
and without an intermediate working step.
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Figure 27. TEM micrograph of Ti-8V-8Mo-2Fe-3Al B-solution treated and aged
385 h at 350°C, showing clusters of a-precipitates which appear
as dark patches.
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Figure 28. TEM micrographs showing formation of « on B' and at grain bound-
aries. a)a formed on B', b) a formed at grain boundaries.
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dimples consistent with ductile rupture of the grain boundary a.

The fracture toughness of rich B-Ti alloys tends to be on the low side
also due to the propensity for intergranular fracture. It is possible to
alter this fracture mode by a+f processing, but as mentionad earlier, this is
generally impractical in this class of alloys. However, the variation in
fracture modes that can be produced by processing variations is illustrated
in Figure 30. Although there is not a lot of toughness data for commercial
rich B-Ti alley compositions, some representative data for experimental al-
loys is shown in Table II. These data show that the toughness decreases
significantly when the predominant fracture path is intergranular.

The information presented above permits the relationship between micro-
structure, fracture mode and properties to be generalized as follows, The
occurrence of intergranular fracture can increase or decrease toughness, de-
pending on strength level; at low strengths intergranular fracture tends to
correspond to higher toughness, whereas at high strengths it does not. A
schematic representation of these trends is shown in Fig.31 (113). In contrast,
the occurrence of intergranular fracture seems to always correlate with low
tensile ductility, as is schematically shown in Figure 32(113). The effect of
grain boundary o on the measured toughness value has been explained by a
qualitative model which is summarized in Figure 33 (88).This model is based on
the notion that the strength difference between the matrix and the grain
boundary o controls the extent to which the crack tip plastic zone can spread
into the matrix. If the strength is large, then the plasticity is confined
to the grain boundary o and the amount of energy dissipated per unit crack
extension is small, hence a low toughness wvalue.

The propensity for grain boundary o formation and the low B-transus
temperature combine to make achieving high toughness in these alloys diffi-
cult. Studies of experimental alloys have shown (89,98) that o+B processing
can significantly improve toughness in the vicinity of the 1200 MPa (175 ksi)
strength range. However, reproducible achievement of these strengths in com-
mercial practice may be difficult to realize.

Thers has been very little work on the fatigue properties of tich B-Ti
alloys. In general, the fineness of the microstructure suggests that the FCP
resistance will not be particularly good and will be relatively insensitive
to micrestructure. The smooth bar fatigue strength should be quite good,
however, because of the high yield strengths that can be achieved., Here
again, however, little data is available.

Table II: Typical Properties of Several §-Ti Alloys
UTS A Ko
MPa(ksi) % MPam:

Ti-10Mo-6Cr-3A1 Stringered o, semi-continuous GBo, 1330(193) 15 92
(Ref. 81,98) a+B aged matrix

Alloy Microstructure

Continuous GBa, a+f aged matrix 1185(172) 14 64
Ti-6.5Mo-4Cr-2.5A1 Stringered o, no GBo,aged oa+B 1240(180) 24 65
[Ref. 89-98) matrix
Continuous GBx, aged a+B matrix 1305(189) 5 63
Ti-8Mo-8V-2Fe-3A1 GBo, aged a+P matrix 1255(182) 2 56
(Ref. 94)
Ti-3A1-8V-6Cr- GBo, aged o+p matrix 1450(210) 7 on42
4Zr-4Mo
(Ref., 88)
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Fizure 29. Yield stress and tensile elongation vs. aging time curves for
Ti-8V-8Mo-2Fe-3A1 aged in the uniform o nucleation and
sympathetic @ nucleation regimes (500 and 350°C, respectively).

Figure 30. SEM fractographs showing the variation in fracture mode when
g.b. @ is present or absent. a) B-processed, grain boundary
o present, b) o+f processed, no grain boundary d.
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4.0 Outlook for B-Ti Alloys

The previous sections have provided a fairly complete description of the
current state-of-the-art in B-Ti alloys. It is also appropriate to make a
few comments on the most likely future applications of this class of alloys.

It is fair to say that, while B-Ti alloys have been around for a long
time, there have been only a few instances where they have been used in any
significant quantities. One reason for this is the cost of earlier B-Ti al-
loys., Another is that earlier, older alloys such as Ti-13V-11Cr-3Al1 have not
been very producible (this is not completely independent of cost). While the
current situation is somewhat better, only three alloys have been produced in
any significant quantity as of the end of 1983. These are Ti-10V-2Fe-3Al,
Ti-3A1-8V-6Cr-4Zr-4Mo and Ti-15V-3Cr-35n-3Al1. The latter of these is a rel-
atively new alloy which shows promise for excellent producibility as sheet.
Other alloys such as Ti-11.5Mo-6Sn-4Zr (B-I1II) have been well-received by the
engineering community, but have not actually found many applications because
only one producer has shown a willingness to melt this alloy. Thus the re-
mainder of this section will focus on pending applications of the three al-
loys identified earlier and some possible applicatiens which utilize the
novel physical properties of B-Ti alloys.

For structural applications, B-Ti alloys are attractive from a density
corrected standpoint, especially when their generally superior resistance to
stress corrosion and hydrogen embrittlement are taken into consideration.
These latter factors effectively limit the strength level at which the high
strength steels can be used in adverse environments. This creates a number
of applications for R-Ti alloys. However, the increasing trend toward the
use of damage tolerant design concepts also places stringent requirements omn
fracture-related properties such as toughness and fatigue crack propagation.
As has been discussed, neither of these properties are outstanding in B-Ti
alloys, although toughness can be manipulated by microstructural control.
Since the critical flaw size is proportional to (K1c/YS)2, the toughness at
strength levels of 1200 MPa (175 ksi) can be a limiting factor. The role of
grain boundary o in limiting the toughness of B-Ti alloys means that constant
additional care must be utilized in processing these alloys. It is easier to
process the lean B-Ti alloys to avoid grain boundary o, but for heavy section
applications, the lean B-Ti alloys are less hardenable. Moreover, there
generally are more situations that are limited by fatigue than by toughness,
thus the relative insensitivity of FCP resistance of B-Ti alloys is especially
troublescome.

For very high strength applications such as fasteners and springs, the
rich B-Ti alloys are attractive because they can be cold reduced after B-
solution treatment then formed and aged to very high strength levels. The
somewhat lower modulus of these alloys coupled with their very high yield
strength permits a large elastic deflection range in springs made of these
alloys. In alloys which exhibit stress-assisted martensite, the superelastic
behavior is also attractive but has not been utilized to any extent yet.

The other novel properties of B-Ti alloys such as shape memory effect
alsc offer a number of interesting potential applications, but only time can
permit determination of the extent to which this will be utilized.

In summary, the B-Ti alloys may be on the threshold of an era of in-
creased utilization, but the constraints of cost and producibility coupled
with the somewhat lower fracture-related properties will require continued
attention. In the final analysis, the emergence of new structures which pro-
vide improved efficiency may require the simultaneous re-examination of the
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constraints placed on materials by the conservative designs dictated by dam-
age tolerant criteria.
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